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Preface
Magnesium and its alloys have reasonable intrinsic cost and exceptional
specific strength and stiffness, making it attractive for application in auto-
motive industries, compared to steel and aluminium. Due to its hexagonal
crystal structure, magnesium has poor ductility at room temperature and
complex plastic behavior in the presence of twinning. Magnesium ductility
can be significantly improved above about 225 ◦C due to thermal activation
of involved additional non-basal slip systems. This has lead to widespread
application in the vehicle industry so as to improve fuel efficiency and lower
green gas emission.
In this work, the status of ME (Mg–Mn–Ce) series magnesium alloys as a
sheet materials was used to investigate the influence of deformation condi-
tions on texture and microstructure. In addition, experiments are proposed
based upon five rare earth (RE) elements representative of potential rolled
sheet materials (Mg–Zn–Zr) with unique starting microstructure and tex-
ture. Knowledge with regard to the physical basis for the ductility and,
in particular, the role of the RE elements alloying on the deformation
behavior are shown to be limited and complicated by the many possible
combinations of deformation mechanisms. Moreover, it is to define corre-
lation between formability and different deformation mechanisms.
The findings obtained from cold rolling and subsequent annealing revealed
the cracking and recrystallization mechanisms. A typical strong basal type
texture developed in the cold rolling. Shear bands and twins are additional
mechanisms except dislocation glide. The cold rolled texture can be ran-
domized at 400 ◦C for short time annealing. In terms of rolling at elevated
temperatures, the strain path changing, initial texture, and rolling sched-
ule played an important role in determining formability of the material.
The evolution of flow stress, texture and microstructure during the com-
pression tests has been studied under various conditions of temperature
(at elevated temperatures) and strain rates. Optical metallography, EBSD
techniques and X-ray were employed to study the microstructural devel-
opment and texture evolution. In addition, grain interaction model was
successfully used to predict the experimental textures of select specimens.
The Mg alloys containing RE elements have been greatly enhanced the
ductility compared to conventional Mg alloys AZ31 due to non-basal slip
activation.
Different RE elements gave distinct microstructures and imparted differ-
ent properties. Gd demonstrated the highest potential to modify the sheet
texture of rolled Mg. RE alloying seems to promote the hard deformation
mechanisms in Mg when basal slip and tensile twinning become exhausted.
Indications of PSN were found in the annealed microstructures of rolled
sheets. At high temperature with low strain rates (400 ◦C/10−4 s−1 ), an
uncommon non-basal type texture was achieved during plane strain com-
pression.
The issues addressed above for wrought magnesium alloys containing RE
elements had received a great attention over past years in the Texture
Group of the Institute of Physical Metallurgy and Metal Physics at RWTH
Aachen University. The present work laid the foundations for a better un-
derstanding the role of RE elements on deformation behaviors in the Mg.
It is still far away from getting an idea about the function of RE elements
in Mg.
Symbols:
α radial angle (pole distance) [ ◦]
β azimuthal angle [ ◦]
ε strain
ε˙ strain rate [s−1]
(ϕ1, φ, ϕ2) Euler angles [
◦]
γ shear strain
θ hardening rate [MPa]
σ stress [MPa]
σy yield stress [MPa]
τc critical shear stress [MPa]
λ wave length [nm]
Z Zener-Hollomon parameter [s−1]
T temperature [ ◦C] or [K]
Q activation energy [kJ/mol]
R ideal gas constant [J/mol·K]
m Schmid factor
{HKL} Miller indices for planes
{hkil} Miller-Bravais indices (planes)
d grain size [µm]
XR volume fractions of recrystallized grains
a1, a2, a3, c crystal coordinates (hcp lattice)
rc critical nucleus
r planar anisotropy
m strain rate sensitivity
Abbreviations:
ARB accumulative roll bonding
ASTM American Society Testing Materials
BCC body center cubic
CR cross rolling
CRSS critical resolved shear stress
CDRX continuous recrystallization
CPFEM crystal plasticity finite element method
DRX dynamic recrystallization
EBSD electron backscatter diffraction
ECAE equal channel angular extrusion
ED extrusion direction
FC full constraints
FCC face center cubic
FIB focused ion beam
FEG-SEM field emission gun scanning electron microscope
GIA grain interaction
GBS grain boundary sliding
GND geometrical necessary dislocations
HE hydrostatic extrusion
HCP hexagonal close packed
HAGBs high angle grain boundaries
HEM homogeneous effective medium
HRTEM High resolution transmission electron microscopy
IPF inverse pole figure
LAGBs low angle grain boundaries
LSHR large strain hot rolling
MRD multiples of random distribution
MUD multiples of uniform distribution
ND normal direction
ODF orientation distribution function
PF pole figure
PSC plane strain compression
PSN particle stimulated nucleation
PTR predominant twin reorientation
RE rare earth
RD rolling direction
RS/PM rapidly solidified powder metallurgy
RSS resolved shear stress
RC relaxed constraints
RX recrystallization
RDRX rotational dynamic recrystallization
SFE stacking fault energy
SRX static recrystallization
TD transverse direction
UR unidirectional rolling
VFT volume fraction transfer
VPSC visco-plastic self-consistent
XRD x-ray diffraction
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Chapter 1
Introduction
1.1 Background and objective
Magnesium and its alloys, as one of the lightest structural metallic materials,
have recently received an increasing interest in weight reduction for the automotive,
aerospace and other industries [1] because of their high specific strength and stiffness.
Magnesium, with a density of only 60% that of aluminium and 25% that of steel, is the
lightest metallic constructional material. With this, magnesium alloys exhibit better
specific strength than that of other structural materials (Figure 1.1). As a result, the
utilization of magnesium and its alloys in the automotive industry has significantly
increased in the past few years. Consequently, magnesium alloys are considered as the
most promising green-engineering material as a result of aforementioned advantages
compared to other structural materials, i.e. aluminum and steel. Such replacement of
heavy components made from steel and Al alloys with Mg alloy components offers an
opportunity to increase vehicle efficiency and decrease CO2 emission [2].
In terms of the applications of Mg alloys, both cast and wrought magnesium alloys
are available. Nonetheless, more than 98% of the magnesium parts are manufactured
by high pressure die casting [5]. Most magnesium cast alloys show very good machin-
ability and processability, and even thin wall die-cast components can also be easily
produced. The casting process is easy to control, highly efficient and more impor-
tant is that it enables the production of complex parts. This route has the great
potential to eliminate the total number of parts in some assemblies which increases
manufacturing efficiency. Cast, extruded, moulded, and forged parts made of magne-
sium alloys can be welded and machined under inert gas protection. Another profile
is the good damping behavior, which makes the use of these alloys even more attrac-
tive for increasing the life cycle of machines and equipment or for the reduction of
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Figure 1.1: Typical mechanical properties of commonly used structural materials: magne-
sium alloys (AZ31-H24, AZ61 and AZ91), aluminium alloys (6010-T4) and steel (1010) [3]
and [4].
sonic emission. Pure magnesium demonstrates even better damping properties than
cast-iron, although these properties are highly dependent on the prior heat treatment
[6]. On the other hand, Mg alloys have conspicuous disadvantages which include poor
formability at ambient temperatures, limited creep resistance, severe oxidation ten-
dency at elevated temperatures, and large propensity for corrosion [7]. Some of these
drawbacks could be reduced effectively by rare earth (RE) elements alloying. For
instance, the addition of RE such as Ce, La, Nd, Gd and Dy can enhance ductility
by means of operating non-basal slip at ambient temperatures and recrystallization
nucleation at shear bands at elevated temperatures associated with soft texture devel-
opment [8, 9]. Furthermore, RE also has a positive influence on the corrosion behavior
of Mg alloys. The electrochemical properties of intermetallic compounds (e.g. Mg12Ce,
Mg3Nd and Mg12La) in the Mg matrix was revealed by microcapillary electrochemical
cell tests, indicating such compounds are capable of displaying a form of passivity [10].
The increased use of wrought magnesium alloys faces several technical challenges:
limited ductility and large mechanical anisotropy at ambient temperature, which is
worse than steel or aluminum (both for rolled sheets and extruded rods) reflected
upon high cost and low productivity in practical production. For instance, extrusion
speeds for Mg are equal to 1/5∼1/3 that of aluminum, and are often as low as 6
m/min [11]. Although several attempts have been made directly using extrudate as
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billets afterwards cold extrusion at room temperature [12, 13]. However, the extrusion
ratio is confined to small value and inferior to hot extrusion quality. Moreover, hydro-
static extrusion (HE) is a potential technique to solve the problem of slow production
speed in conventional direct and indirect extrusion processes [14]. It was found that
hydrostatic extrusion yields a much more uniform microstructure and strengthens of
the alloys.
As the same as extrusion, most of Mg alloys for sheet forming must be rolled at
elevated temperatures to avoid cracking. The vast majority of grains are oriented that
basal planes are close to the sheet plane (ND//c-axis). Such a typical rolling texture
arranges most grains in an orientation whereas it is hard to deform, leading to high
flow stresses, modest work hardening rate, and therefore, low values of uniform elon-
gation. By contrast, steel and aluminum can be processed to semi-finished products
at much lower temperatures. The requirement for processing at elevated temperatures
adds considerably to the cost of Mg sheet products and is a significant impediment to
their acceptance in automotive applications. The pronounced basal texture originated
from hot rolling appeared to be inevitable in industrial processing techniques used to
produce sheets, despite a wide range of rolling parameters and chemical compositions
explored in the past. High-ratio differential speed rolling (HRDSR) is quite effective
in achieving very fine grained microstructure in Mg sheets forming by inducing high
shear strains during the rolling process for a large thickness reduction through a single
rolling pass. Ultrafine-grained AZ31 sheets with a mean grain size of 1 µm obtained
by applying HRDSR under the condition that a sheet was severely deformed in hot
rolls without pre-heating [15].
In recent years there has been a great deal of advance in exploring new produc-
tion technologies to reduce materials consumption, such as hydroforming and spinning
[16, 17]. Hydroforming and spinning are promising large scale production in the vehicle
industry, which is ascribed to its capability of forming complex shapes in a single step.
Additionally, the twin-roll casting (TRC) process combines continuous strip casting
and hot rolling into a single step, and thus has the advantage of cost-effective one
step processing of flat-rolled products. It has been shown that TRC can produce low
cost, high quality Mg alloy sheets that have mechanical properties equivalent to those
of conventional Mg alloy sheets produced by ingot casting and subsequent complex
rolling [18, 19]. As a conclusion, the price of Mg products was lowered and productiv-
ity was increased comparable to aluminum due to new technology application, which
would increase the application of wrought Mg in the future.
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High production cost is a major obstacle to a wide use of wrought Mg in the auto-
motive industry. The cost of the finished product must be competitive with Al alloys.
Developing new alloys which have better formability and low level alloying elements
could help solving the cost problem. Despite the superior ductility of the recently
reported Mg alloys containing RE elements [20, 21, 22], little is known about the influ-
ence of the alloying elements, particularly RE, on the resulting microstructure, texture,
mechanical response and corresponding recrystallization and deformation mechanisms.
The systematic study of deformation conditions on the formability of Mg alloys con-
taining RE is still lack an adequate acquaintance. The research objectives of the
present thesis are the following:
1. To determine the effect of deformation conditions on texture and microstructure
of Mg alloys as well as understand the corresponding deformation mechanisms
2. To enhance ductility of Mg sheet through microstructure and texture control
3. To predict the deformation texture of polycrystal in Mg alloys
4. To develop an optimum alloy system with low level of RE addition and establish
the correlation between microstructure and texture evolution
In conclusion, it is very clear that the road for Mg alloys to become a strong
structural competitor in the automotive, aerospace and electronic industries should
accelerate the development of new alloy systems and processing technology. The re-
searchers should be dedicated to promote the application of high performance low cost
Mg alloys. In particularly the challenge of producing cost-effective wrought Mg alloy
products using conventional technologies such as extrusion, forging and rolling can
bring about a breakthrough in the use and application of magnesium alloys in the
near future.
1.2 Thesis outline
The focus of the present work was on the commercially rolled ME20 Mg sheet. The
deformation behavior was carefully investigated through texture and microstructure
control with emphasis on mechanical properties, deformation mechanisms, deformation
conditions (deformation temperatures and strain rates) in order to get the optimum
process parameters. In addition, single RE elements alloying was investigated in a
Mg–Zn–Zr based alloy with the objective of ductility enhancement and the reduction
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of mechanical anisotropy.
This work is divided into 8 Chapters. Chapter 1 provides a general background
of Mg and its alloys, the objective and outline of this dissertation. A review of the
literature relevant to the characteristics of Mg, fundamentals of plastic deformation,
dynamic recrystallization during hot deformation, RE elements effects on deformation
and texture modeling is presented in Chapter 2. The experimental procedures and
analysis techniques used in the present study are described in Chapter 3. Chapter
4 presents the influence of cold rolled deformation and static annealing on texture
evolution and recrystallization kinetics. Chapter 5 reports the results of large strain
hot rolling, cross rolling and severe plastic deformation by accumulative roll-bonding
(ARB). Chapter 6 examines the influence of the deformation conditions on the flow
behavior, texture and microstructure of the investigated alloys during channel-die com-
pression and uniaxial compression, respectively. Chapter 7 is devoted to the effects of
different RE alloying on Mg deformation behavior. The conclusions are presented in
Chapter 8.
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Chapter 2
Literature Review
2.1 Characteristics of Mg and its alloys
Magnesium is the lightest of all engineering metals, having a density of only 1.74
g/cm3, almost the same as polymer material (Nylon). Due to a high specific strength,
magnesium alloys prevail in transportation field as automotive parts and driving sys-
tem or in components for lightweight purposes. However, magnesium and its alloys
cannot be used in humid environments, because water, which is an electrolyte, can
accumulate in fuel systems and cause an aggressive corrosion reaction [23].
2.1.1 Crystal structure of magnesium
Hexagonal close-packed (hcp) crystal structures have atomic packing factors of 0.74,
which is the most efficient packing of equal-sized spheres or atoms. It is noted that a
hexagonal close-packed lattice is very similar to the face-center cubic (fcc) lattice. In
addition to unit cell representations, these two crystal structures may be described in
terms of close-packed planes of atoms (i.e., planes having a maximum atom or sphere-
packing density) an example of one such plane is illustrated in Figure 2.1. Both crystal
structures may be generated by the stacking of these close-packed planes on top of one
another and the difference between the two structures lies in the stacking sequence[24].
A second close-packed plane may be positioned with the centers of its atoms over
either B or C sites; where both are equivalent. Suppose that the B positions are arbi-
trarily chosen; the stacking sequence is termed AB, which is illustrated in Figure 2.1b.
The real distinction between fcc and hcp lies in where the third close-packed layer is
positioned. For hcp, the centers of this layer are aligned directly above the original A
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Figure 2.1: (a) Example of an fcc close-packed plane of atoms; A, B and C positions are
indicated. (b) The AB stacking sequence for close-packed atomic planes.
positions. This stacking sequence, ABABAB . . ., is repeated over and over. Of course,
the ACACAC . . . arrangement would be equivalent. These close-packed planes for hcp
are (0001)-type planes, and the correspondence between this and the unit cell repre-
sentation is shown in Figure 2.2.
Figure 2.2: Close-packed plane stacking sequence for hexagonal close-packed.
The lattice parameters of pure magnesium at 25 ◦C are a = 0.32 nm and c = 0.52
nm, α = β = 90◦, γ = 120◦. If the hexagonal structure was composed of equally size
hard spheres in a close-packed manner that touch each other in the hexagonal basal
plane and in adjacent planes, the c/a ratio would be:
c/a =
√
8/3 = 1.633 (2.1)
This indicates that the c/a ratio of pure magnesium (1.624) is very close to ideal
value of 1.633. The influence of c/a ratio with respect to activation of deformation
mechanisms (slip and twinning), will be elucidated in Section 2.2.
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2.1.2 Alloying systems
Alloying is extremely important, since pure magnesium is soft and simultaneously
exhibits low corrosion resistance. In addition, alloying can also influence the reactiv-
ity of the melt, the castability, texture and microstructure. The amount of alloying
element that can be added to magnesium is controlled by the liquid solubility of the
element in the molten state. Unlike aluminum, the designation of magnesium alloys
is easy to understand. Currently, there is no united international system for the des-
ignation, but the American Society for Testing Materials (ASTM) developed a letter
and number designation. Each alloy is marked with letters indicating the main alloy
elements, followed by the rounded figures of each (usually two) weight in percentage
terms. The last letter in each identification number indicates the stage of development
of the alloy (A, B, C, . . . ). In most cases, these letters show the degree of purity. The
alloy AZ91D, for example, is an alloy with a rated content of 9% aluminium (A) and
1% zinc (Z). Its development stage is 4 (D). Problems with this designation system
are that there is no way of giving information about other alloying elements that are
intentionally added to improve the corresponding properties of the alloy. Table 2.1
lists the code letters used and their representative alloying element.
Table 2.1: ASTM codes for magnesium alloying elements [6]
Code letter Alloying element Code letter Alloying element
A Aluminum N Nickel
B Bismuth P Lead
C Copper Q Silver
D Cadmium R Chromium
E Rare Earths S Silicon
F Iron T Titanium
H Thorium W Yttrium
K Zirconium Y Antimony
L Lithium Z Zinc
M Manganese
2.1.2.1 Mg–Al alloys
The Mg–Al binary system is the origin of the most commonly commercial magne-
sium alloys. Of all the alloying additions, Al is the most favorable since it enhances
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the mechanical properties, and it expands the freezing range making the alloy more
castable [25]. At appropriate levels of binary addition, Al provides a good balance of
strength, ductility, castability, and corrosion resistance [26]. Several systems contain
Al up to 10 wt.%, e.g., AZ, AM, AE, and AS and it increases up to a maximum of
12.1 wt.% at 437 ◦C and falls to about 1% at room temperature. The decreasing solu-
bility from the eutectic temperature makes it possible for the alloy to be heat treated.
Figure 2.3 shows the phase diagram of Mg–Al binary alloy [27]. Usually, two typical
phases are observed in the microstructure of AZ series alloys, which are the primary
α-Mg phase and eutectic β-Mg17Al12 phase [28]. Manganese (< 0.3 wt.%) is a com-
mon ternary addition to the Mg–Al alloys and improves the corrosion resistance by
eliminating impurities of Fe, Ni, and Cu that are detrimental to corrosion resistance
by the formation of intermetallics with aluminium and iron (Al3(Fe, Mn)). Mg17Al12
intermetallic compound (β-phase) is the only precipitation that appears after solu-
tion treatment following ageing [29]. This precipitation can occur either continuously
(general) or discontinuously (cellular). Dargusch et al. [28] reported that these kind
of precipitates have thin plate morphology, parallel to the basal plane and therefore
do not present significant cross sections to dislocations that would be mobile on that
plane. Hence, it is suggested that, the Mg17Al12 phase plays a dominant role in deter-
mining the mechanical properties. Nevertheless, one major disadvantage is that the
Mg–Al system has poor high temperature properties which have been attributed to
the eutectic morphology [30] and the β-Mg17Al12 phase [31].
Figure 2.3: Phase diagram of Mg–Al binary alloy.
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2.1.2.2 Mg–Zn alloys
Zinc is an important alloying element but rarely serves as the major element (ZK,
ZH, ZM, ZC and ZE series of alloys). The binary phase diagram in Figure 2.4 shows an
eutectic point at 51.3 wt.% [32]. There is 6.2 wt.% solubility of zinc in magnesium at
the eutectic temperature. It is considered the second important alloying addition after
aluminum. Nonetheless, in terms of castability and strengthening it is as effective as
aluminum. Zn can effectively strengthen Mg matrix through solid solution strength-
ening effect [33] as well as second-phase-particles strengthening effect, when the solute
atoms content exceeds its solubility in Mg matrix.
Figure 2.4: Phase diagram of Mg–Zn binary alloy.
The commercial ZK60 alloy (Mg–6Zn–0.6Zr) has been reported to show a good
combination of strength and ductility, and is one of the strongest and cost-effective
wrought magnesium alloys [34]. However, enhancement in strength through these
second-phase constituents is normally accompanied by a reduction in ductility. There-
fore, wrought Mg alloys necessitating large values of uniform elongation usually contain
low levels of Zn in the range of 1-4 wt.%. In addition, a number of commercial mag-
nesium alloys are based on the Mg–Zn binary alloy system with small additions of RE
elements used to enhance creep resistance and tensile strength at elevated tempera-
ture. One example is the sand-casting alloy ZE41, which was developed to meet the
requirements of average strength applications and which has good castability. In 2001,
Mg97Zn1Y2 (at.%) was developed using rapidly solidified powder metallurgy (RS/PM).
It is a novel alloy with superior mechanical properties including tensile yield strength
∼ 610 MPa and elongation ∼ 5% and exhibits high corrosion resistance [35]. The
excellent mechanical properties of this RS/PM alloy seems to originate both in the
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fine-grained α-Mg matrix and the lamellar phase, which consists of 2H-Mg and 18R
long period ordered (LPO) structures, because the hardness of the secondary lamellar
phase with the LPO structure is greater than that of the 2H-Mg matrix grains.
2.1.2.3 Mg–Li alloys
Lithium addition has been investigated extensively since it can change various phys-
ical properties of magnesium. With its excellent low density (0.534 g/cm3), lithium
reduces the density of magnesium alloy in a significant way. It has attracted interest as
an alloying element in magnesium alloys to lower the density to values even lower than
that of unalloyed magnesium. Figure 2.5 shows the phase diagram of Mg–Li binary
alloy [27]. It can be seen that around 11 wt.% of lithium is needed to form the β phase,
which has a body-centered cubic (bcc) crystal structure, thereby improving formabil-
ity of wrought products. This change in crystal structure improves the formability
of wrought magnesium alloys by making prismatic slip possible at room temperature.
The addition of lithium decreases strength, but increases ductility. Heavy alloying
Mg with Li transforms the crystal structure from hcp to bcc with more slip systems.
There are two main reasons for the activation additional slip systems:
1. With its similar atomic radius (Li: 2.05·10−10 m; Mg: 1.72·10−10 m), is built
into the hexagonal crystal lattice of magnesium. In this case, the c/a ratio will
be lower than conventional Mg.
2. Another point is the good solubility of lithium in magnesium (5.5 wt.%, 17.0
at.%).
The improvement of ductility is attained in Mg–Li alloys not only due to the de-
creased c/a ratio in the hcp α-phase where non-basal slip on prism planes becomes
activated , but also due to the formation of the bcc β-phase when the content of
lithium is higher than 17 at.%. However, the low strength of Mg–Li alloys restricts
their utilization as effective structural materials. So far, Mg–Li alloys have found
only limited applications. Moreover, the strength of pure Mg–Li alloys is relative low,
especially in the case of higher lithium contents. A disadvantage of this element is
that upon increasing its concentration it decreases strength and corrosion resistance.
To overcome this drawback, various exotic elements have been added to Mg–Li alloy
systems to improve their mechanical properties [36, 37]. Alloying these elements, such
as aluminum, zinc, silver, silicon, cadmium, and RE elements, are introduced to im-
prove the mechanical properties of Mg–Li binary alloys. Xu et al. [38] succeded in
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Figure 2.5: Phase diagram of Mg–Li binary alloy.
introducing the Mg3Zn6Y (I-phase, icosahedral quasicrystal structure) in Mg–Li alloy
that increased the UTS up to 250 MPa.
2.1.2.4 Mg–RE alloys
Rare earth metals are added to Mg alloys either as mischmetal or as didymium.
Mischmetal is a natural mixture of rare earths containing about 50 wt.% cerium, the
remainder being mainly lanthanum and neodymium. Didymium is a natural mixture
of approximately 85 wt.% neodymium and 15 wt.% praseodymium. Additions of rare
earths increase the strength of magnesium alloys at elevated temperatures. They also
reduce weld cracking and porosity in casting because they narrow the freezing range
of the alloys. All RE elements form eutectic systems of limited solubility with mag-
nesium. Therefore, precipitation hardening is possible and expedient. RE-containing
precipitates are very stable and raise the creep resistance, corrosion resistance, and
high temperature strength.
The addition of RE elements leads to the formation of a second phase, which is
in general harder than the Mg matrix. Potentially, in Mg–RE alloys there are many
different phases that may form, which are common to all of the RE elements, such as
the Mg12RE, Mg17RE2, Mg3RE or Mg2RE phases [39]. The influence of precipitate
morphology on the strength and creep resistance is insufficiently understood due to a
lack of knowledge of the interactions between precipitates and dislocations. The pre-
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dominantly non-spherical particles, precipitating as transient or equilibrium phases in
Mg–RE alloys, are usually rationally oriented in the α-Mg matrix [40]. The addition of
alloying elements not only can increase the amount of solute in solid solution, but also
can decrease the grain size, both of which can result in improvement of strength. On
the other hand, an increased amount of second phase is expected to generally decrease
the elongation to fracture by providing nucleation sites for voids and micro-cracks [41].
However, it is still not clear which type, or in which form, these phases will nucleate
under given solidification conditions. For example, in the Mg–Nd system there is some
conjecture as to whether the Mg12Nd phase is an equilibrium or metastable phase.
There is a similar debate about the formation of Mg12La as opposed to Mg17La2 in
the Mg–La system [39, 41].
2.2 Deformation modes in Mg
A thorough review of the crystallography and deformation mechanisms of hcp ma-
terials is presented by Partridge [42], where Mg’s hcp crystal structure and reciprocal
lattice are examined in detail including a review of the three and four axis Miller and
Miller-Bravais crystallographic indices used to describe crystallographic planes and di-
rections, and the slip and twinning deformation modes of Mg are presented outlining
the predominant modes given a certain temperature and loading regime.
2.2.1 Crystallographic slip
Crystallographic slip is the most important and dominant deformation mechanism
in metallic materials. The shape change can be realized with crystallographic slip of
crystal blocks along crystallographic planes (slip planes) by integer multiples of atomic
spacing [24]. However, due to energetic reason, this kind of slip is not accomplished
in one step but in continuous steps relating to dislocation motion. The motion of
dislocations preferentially to be activated along the most densely packed planes and
slip parallel to the most densely packed directions and is driven by a resolved shear
stress (RSS). The activation of a certain slip system depends on the critical resolved
shear stress (CRSS) on the slip plane and in the slip direction. The resolved shear stress
is orientation dependent and it is related to external stress by Schmid factor, chemical
composition and deformation conditions (strain rates, deformation temperatures and
strain path). Figure 2.6 illustrates the relationship between external stress and resolved
shear stress in tension test. From the geometric relationship, Schmid factor m (Eq 2.2)
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can be derived.
τ = m · σ = F
A
· (cosλ cosφ) (2.2)
where τ : resolved shear stress; m: Schmid factor; A: the area of the sample.
The slip system with the largest m value undergoes the largest resolved shear stress,
and therefore will be activated firstly. Crystallographic planes rotate during plastic
deformation, as a result, the Schmid factor as well as the resolved stress changes con-
tinuously. However, the critical resolved shear stress for a specific type of slip system
keeps constant, which is referred to as Schmid’s law. Different type of slip systems
show different Burgers vector, namely the values of critical resolved stress are different.
Figure 2.6: Schematic illustration the relationship between external stress and resolved shear
stress to calculate the Schmid factor.
It is well known that if materials undergo homogeneous deformation, five inde-
pendent slip systems are necessary [42, 43]. Unlike steel and aluminum, magnesium
possessing a hcp crystal structure exhibits poor formability at room temperature due
to its limited number of active slip systems. In both fcc and hcp metals slip occurs pref-
erentially in the close-packed planes along the close-packed directions. Thus at room
temperature, the fcc structure contains 12 slip systems of which five are independent,
while the hcp structure has only three slip systems of which two are independent.
The amount of active slip systems at room temperature explains why it is easier to
deform aluminum rather than magnesium. Consequently, there is a wide range of slip
systems activated in hcp materials with quite different CRSS value. Fundamentals
on the deformation of magnesium were intensively conducted during 1955-1965. It
was reported that possible independent slip systems in hcp are: (1) the basal slip
system (0001)〈112¯0〉; (2) the prismatic slip systems {101¯0} 〈112¯0〉, {101¯0} [0001] and
{112¯0} [0001]; (3) the pyramidal slip systems {101¯1} 〈112¯0〉 and {112¯2} 〈112¯3〉. These
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slip systems are summarized in Table 2.2.
Table 2.2: Possible slip systems in magnesium [42]
Burgers vector Slip plane Slip direction
Number of slip systems
Total Independent
〈a〉 basal (0001) 〈112¯0〉 3 2
〈a〉 prismatic {101¯0} 〈112¯0〉 3 2
〈c〉 prismatic {101¯0} 〈0001〉 3 2
〈c〉 prismatic {112¯0} 〈0001〉 3 2
〈a〉 pyramidal {101¯1} 〈112¯0〉 6 4
〈c+ a〉 pyramidal {112¯2} 〈112¯3〉 6 5
In general, there are several factors affecting deformation modes and the operation
of the slip systems in magnesium as discussed by Partridge [42], (1) Von mises criterion,
(2) Schmid factors, (3) Critical resolved shear stress (CRSS), and (4) Temperature-
dependence of the CRSS. Magnesium has a hexagonal crystal structure with the c/a
ratio (1.624) close to that of the ideal ratio of an hcp crystal. Therefore, the most
densely packed planes in magnesium are basal planes, which have three most densely
packed directions (only two of them are independent). Among the four dominant slip
systems, three of them (basal slip, prismatic slip and first pyramidal slip) involved the
slip of dislocations with 〈112¯0〉 (〈a〉) type Burgers vectors (Table 2.2). As a result, in
case of polycrystal, it is still insufficient for meeting the requirement of five independent
slip systems [42]. Consequently, other slip systems should also be activated. Apart
from the basal slip system, non-basal slip systems including prismatic, first order and
second order pyramidal slip systems are possible to be activated due to the small c/a
ratio in magnesium. Both basal and non-basal slip systems, in terms of slip planes and
slip directions, are schematically illustrated in Figure 2.7, from which, it can be seen
that basal, prismatic and first order pyramidal 〈a〉 slip systems caused shape change
only in the 〈a〉 direction. However, an arbitrary deformation is composed of shape
changes in both 〈a〉 and 〈c〉 direction, which can be achieved alone by second order
pyramidal 〈c+ a〉 slip systems. All of the easy 〈112¯0〉 slip directions are perpendicular
to the c-axis (Figure 2.6). The slip on the system listed above (except for the second
order pyramidal 〈c+ a〉 slip) does not produce any elongation or shortening parallel
to the c-axis. Therefore in order to accommodate the deformation in this direction,
there must be a combination of different types of slip systems responsible for arbitrary
deformation.
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Figure 2.7: Slip systems in Mg: (a) basal slip (0001)〈112¯0〉; (b) prismatic slip {101¯0}〈112¯0〉;
(c) first order pyramidal 〈a〉 slip; (d) second order pyramidal 〈c+ a〉 slip {112¯2}〈112¯3〉.
The ease of deformation in crystalline materials depends on the CRSS applicable
to the various slip systems. There is no doubt that the plastic deformation of magne-
sium will be realized firstly by basal slip due to its lowest CRSS value among all the
deformation modes, about 2 orders lower than that of pyramidal slip. This indicates
that basal slip is much easier to operate than the other non-basal slip systems, even
in unfavorable orientation. Barnett [44] summarized the influence of temperature on
the CRSS values of the main deformation modes in magnesium (Figure 2.8). With in-
creasing temperature, prismatic and pyramidal slip become important since the CRSS
values for these slip modes decrease rapidly [44]. Figure 2.8 shows that second order
pyramidal 〈c+ a〉 slip has highest value, followed by prismatic, pyramidal slip and
then twinning. Pyramidal 〈c+ a〉 slip, which in principle provides the additional in-
dependent slip systems, is difficult to activate at low temperature because of its high
CRSS and easy dissociation into sessile 〈c〉 dislocations to suppress continuous slip [45].
At elevated temperature, the activation of pyramidal 〈c+ a〉 slip and other non-basal
slip occurs with lower CRSS. Through these additional systems, cross-slip from basal
planes to non-basal planes becomes possible and barriers can be wiped off by this way.
This explains the decreased strength of Mg and its improved formability at elevated
temperatures [46]. Activation of the non-basal slip and other deformation mechanisms
can be accomplished, among others, by increasing the deformation temperature both
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of which decreases CRSS for non-basal slip, by decreasing the axial ratio of the hcp
crystal structure or by ultra-refining the grain structure to induce additional deforma-
tion mechanisms, such as grain boundary sliding.
Figure 2.8: CRSS values of slip as a function of temperatures in magnesium [44].
Basal slip was determined to be the easiest slip system to activate at all tempera-
tures with a relatively athermal CRSS ranging from 0.5 ∼ 1 MPa [47]. A large amount
of experiments has been done to investigate the factors stimulating non-basal slip sys-
tems. Reed-Hill and Robertson [48] investigated non-basal slip in Mg single crystals
by tension test under conditions of null Schmid factor and no resolved shear stress on
the basal planes at temperatures ranging from -190 to 286 ◦C. It was found that de-
creasing yield stress and increasing deformation to failure with increasing temperature
was attributed to double prismatic slip and/or pyramidal 〈a〉 slip at elevated temper-
atures with reduced CRSS. They estimated CRSS of prismatic and pyramidal 〈a〉 slip
at 150 ◦C corresponding to 16 and 14 MPa respectively [48]. Kelley and Hosford [49]
further performed plane strain compression tests on Mg single crystals with different
orientations carefully chosen to activate different deformation modes including basal,
prismatic and pyramidal slip and {101¯2} twinning. Obara et al. [45] verified that
the second order pyramidal 〈c+ a〉 slip in crystals compressed along the c-axis gives
direct evidence that slip systems other than basal slip can be activated under specific
loading orientations and that CRSS for the high order systems is highly dependent on
temperature. Frost and Ashby [50] have attempted to produce a deformation mech-
anism map for pure Mg with an average grain size of 100 µm (Figure 2.9). It should
be noted that the onset of dynamic recrystallization and the easiness of prismatic slip
at a homologous temperature of nearly 0.8 Tm (466
◦C), which seems relatively higher
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CRSS than the work of Reed-Hill and Robertson [48].
Figure 2.9: Deformation mechanism map for pure magnesium with a grain size of 100 µm
[50].
There is still no single-crystal data for Mg alloys except for pure Mg and AZ31B.
Instead, CRSS values are fit by polycrystal plasticity model calculations in order to
match the macroscopic response, or obtained using in-situ neutron diffraction to track
lattice strain and peak intensity variation [49]. By using a viscoplastic self–consistent
(VPSC) model, Agnew et al. [46] found that only when the CRSS ratio for 〈c+ a〉
slip relative to basal slip is reduced to less than 1.5 does the amount of 〈c+ a〉 slip
become noticeable. The {101¯1} pyramidal planes are active in single crystals at room
temperature when the stress axis is within 60 ◦ of the basal planes. Furthermore, when
the temperature is decreased below room temperature, {101¯1} prismatic slip can also
occur, most likely since the grain boundary shearing cannot relieve the stresses caused
at the grain boundaries [51].
2.2.2 Mechanical twinning
In addition to crystallographic slip, plastic deformation in metallic materials can
also occur by the formation of mechanical twins, i.e. twinning. Mechanical twinning is
a homogeneous shear evenly distributed over a three-dimensional region. Not only the
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strain is produced by the twinning process but also the orientation changes resulting
from twinning may place new slip systems in a favorable orientation with respect to
the stress axis so that additional slip can take place. Besides, it can produce atomic
displacements such that on one side of a plane (twin boundary), atoms are located in
mirror-image positions of atoms on the other side. The manner in which this is demon-
strated in Figure 2.10. As may be noted in this figure, the displacement magnitude
with the twin region (indicated by arrows) is proportional to the distance from the twin
plane. Furthermore, twinning only occurs on a definite crystallographic planes and in
a specific direction that depends on the crystal structure. The total shear deformation
from twinning is small and limited [52]. Finally, twinning is usually accompanied by a
large orientation change, which is totally different from the gradual orientation change
observed during the slip.
Figure 2.10: (a) Schematic diagram showing how twinning results from an applied shear
stress τ . Open circles represent atoms that did not change original position; dashed and solid
circles represent original and final atom positions, respectively. (b) Twinning in hexagonal
crystal with c/a < 1.73, e.g. magnesium. Black circles indicated the positions of atoms in a
crystal prior to twinning and grey circles the positions after twinning [24].
A sphere is deformed into an ellipsoid by the shear and is schematically illustrated
in Figure 2.11, in which the sphere is sheared along direction η1 with shear magnitude
γ. In general, there are four parameters to describe twinning in crystal, i.e. twinning
plane first undeformed plane (K1), twinning shear direction (η1), second undeformed
plane (K2) and the direction of intersection of shear plane with K2 (η2). Two twin
planes K1 and K2 in the sphere remained circular after twinning, which are perpen-
dicular to the shear plane and inclined at an angle θ. Twin plane K1 contains the
shear direction and undergoes no displacement during twinning. Plane K2 intersects
the palne of shear in η2 and η
′
2
before and after twinning respectively. For magnesium,
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Figure 2.11: Schematic diagram of crystallographic elements of twinning [53].
K1 is {101¯2}, η1 is 〈101¯1〉, K2 is {1¯012} and η2 is 〈101¯1〉 respectively [42].
2.2.2.1 Twinning modes in Mg
At low temperatures (< 200 ◦C), Mg exhibits a strong propensity for mechanical
twinning activation since the 〈c+ a〉 slip has a higher CRSS than twinning in order
to accommodate strain along the c-axis. Three types of twins are frequently reported
in magnesium and its alloys: {101¯2}〈101¯1〉 extension, {101¯1}〈101¯2〉 contraction, and
{101¯1}-{101¯2} double twins [54, 55, 56]. Figure 2.12 is a schematic graph describing
the different types of twins found in deformed hcp metals. {101¯2}〈101¯1〉 twins are
known as tensile twins as they cause extension along the c-axis in hcp crystal struc-
tures. During the twinning process, the basal plane is rotated by 86.3 ◦ around the
〈112¯0〉-direction with respect to the original grain. It appears as a thick part of the
grains under microstructure analysis, which is dissimilar to the common lenticular twin
shape. Ion et al. pointed out that {101¯2}-twins have a characteristic thin morphology,
but during subsequent straining, sideways growth of the twinned structures occurs,
until the twins entirely consume the parent grains [54]. For this twinning mode, the
shuffling mechanism is simple and shear magnitude is small (0.13), which facilitates
its occurrence in deformation.
Contraction twinning, including {101¯1} and {101¯3} contraction twins, on the con-
trary, is able to accommodate compression or contraction along the c-axis. During the
twinning process, the basal plane is also rotated around the same 〈112¯0〉-direction like
that in tensile twins, but the rotation angle is 56.2 ◦. The morphology of this twin is
different from that of tensile twins as it appears to be thin and is hard to detect using
microscopy. The shear magnitude of this mode is 0.138. Like 〈c+ a〉 slip, contraction
twinning has the effect of rotating the basal planes towards more favorable orientations
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Figure 2.12: Types of twins taking place of hcp materials in deformation [57].
[56].
In addition to primary twinning, secondary twinning can take place within the
reoriented primary twins. Generally, {101¯1} or {101¯3} contraction twins are formed
first, after that {101¯2} extension twins are propagated within the original contraction
twins, so that both twinning events produce rotation about the same 〈112¯0〉 zonal
aixs. The basal planes are reoriented at an angle of 37.5 ◦ from their original positions.
It was reported that in the case of secondary twinning, a preferential alignment of
the basal planes in the interiors of twins or slip is produced, which can lead, in single
crystals, to softening, rapid unloading, high strains and internal ductile fracture [58].
In addition to slip and twinning, untwining (or detwinning) can take place in a
twinned material. Detwinning is the growth of one variant in martensite at the ex-
pense of another [59]. This is of particular importance in shape memory materials,
in which the shape memory effect is attributed to detwinning. Detwinning is also
observed in deformed Mg alloys [60, 61]. Under reverse loading or unloading, twins
can disappear or become narrower, and reappear under reloading. The process of de-
twinning involves a contraction of a twinned region and is similar to twinning, but no
nucleation is required. The stress required for detwinning is therefore less than that
for twin nucleation, but is larger than that for twin growth [62]. Thus, detwinning
occurs more easily than twinning. Like twinning, detwinning also leads to sigmoidal
strain hardening behavior. In cyclic loading, twinning and detwinning takes place al-
ternatively [63].
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2.2.2.2 Mechanisms of twin formation
To date, much progress has been made in several studies at various length scales re-
garding the twin nucleation and growth in hcp metals [64, 65, 66]. There are, however,
many questions concerning mechanisms of twin nucleation and twin propagation in
hcp metals remain unclear [42, 67]. The nucleation mechanisms have been postulated
so far for twin nuclei in hcp metals have not been validated. Homogeneous and hetero-
geneous nucleation, are considered main nucleation mechanisms for twins proposed by
early investigators. A homogeneous twin nucleation model was firstly introduced by
Orowan [68], who considered twins to grow from a uniformly sheared lenticular-shaped
twin volume, multiple crystallographic layers thick. Later, more rigorous atomic-scale
studies using empirical potentials for ideal hcp structures have been successful in pre-
dicting approximate twin boundary structures and energies for certain metals, and in
discovering reactions of a twin boundary with lattice dislocations, pertinent to twin
growth [69, 70]. Homogeneous nucleation models require unreasonably high stresses,
very low surface and strain energies [52]. The nucleation mechanism in this case is
one where an entire region undergoes a homogeneous spontaneous transformation.
However, heterogeneous nucleation is usually assumed to be the result of dislocation
reactions, which usually nucleated at a defect site such as a grain boundary. For het-
erogeneous nucleation, twin nucleus (stacking fault) comes from the dissociation of
certain dislocation configurations. Besides, the stress required to nucleate a twin is
normally much higher than the growth stress [52]. As a result, dislocation-based nucle-
ation mechanisms are dependent on a particular pre-existing defect and homogeneous
nucleation is activated close to stress concentration region.
Nucleation and growth of twins are affected by initial and deformation conditions
such as, temperature, strain rates, grain size, pre-strain and precipitates [52, 71]. It is
open to debate whether the occurrence of twinning depends upon a CRSS, because of
conflicting experimental evidence [72]. The authors in that work argued that slip was
prerequisite to twinning so that no single CRSS exists for twinning. In the present
work regarding simulation part, we will take the twinning determined by the CRSS
into account.
The influence of the grain size on the flow stress of extruded Mg–3Al–1Zn tested
in compression at 150 ◦C is presented in Figure 2.13a. These twinning frequencies are
plotted against the second differential of stress with strain in Figure 2.13b. The plot
shows the volume fraction of grains in which at least one twin could be identified using
optical microscopy following a strain of 0.6. The concave shape of the flow curves is
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Figure 2.13: (a) Compressive true stress–true strain curves deformed at 150 ◦C with strain
rate of 0.01 s−1, (b) Percentage of twinned grains (at least one obvious twin) produced in
(a) plotted against grain size at strains between 0.05 and 0.15 [73].
associated with the occurrence of {101¯2}-twinning. When the grain size is decreased,
the flow curves become less concave. Yield stress increases with decreasing grain size
and temperature. It was found that, for yield stress at 0.2% offset, the slope k for
twinning was 2-10 times than that for slip, with k being temperature dependent. The
Hall-Petch relation for twinning has been observed in magnesium alloys. It is expressed
as following:
σ = σ0 + k·d− 12 (2.3)
Where σ is yield or flow stress, σ0 is frictional resistance to the motion of twins,
d is mean grain diameter. Slope k, the Hall-Petch coefficient, is larger for twinning
than for slip as indicated by Barnett et al. [73]. Koike [74] also confirmed that the
slope k for twinning was larger than that for slip, by studying AZ31 magnesium alloys
with different grain sizes subjected to tension tests. Decreasing the temperature and
increasing the strain rate tend to increase the stress required for twinning. Therefore,
twinning generally becomes more important at low temperature and high strain rates
[71].
Jiang et al. [75] investigated the effect of deformation twinning on the strain
hardening behavior in AM30 Mg alloy. The true stress–true strain curves deformed at
various temperatures and strain rates are presented in Figure 2.14a. The specimens
exhibited continuous yielding behavior. As expected, the flow stresses decreased with
increasing temperature and also with decreasing strain rate. A power law constitutive
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Figure 2.14: (a) True stress–true strain curves for the AM30 material deformed in uniaxial
tension at selected temperatures and a strain rate of 0.1 s−1. (b) Strain hardening index n
versus strain rate at different temperatures [75].
equation is frequently used to describe the strain hardening behavior of many alloys:
σ = kεn (2.4)
where n is the strain hardening exponent and k is the strength coefficient. The de-
pendence of n on strain rate at various temperatures is illustrated in Figure 2.14b
which shows a marked discontinuity at 150 ◦C. Below this temperature, the n value
decreases with increasing strain rate, while above this temperature, the n value in-
creases with strain rate in the normal way. The n value obtained at 150 ◦C/0.1 s−1
is not lower than at 150 ◦C/0.001 s−1, where almost no twins were formed. This in-
dicates that only when the twinning volume fraction reaches a critical point (so that
the accumulated net softening effect eventually overtakes the hardening effect due to
dislocations), the unusual strain hardening behavior is observed. The extent of this
softening effect therefore strongly depends on the volume fraction of twins, which is
mainly determined by the temperature and strain rate. Robson et al. [76] investigated
Mg–5 wt.% Zn alloy subjected to compression tests. He found that {101¯2}-twinning
increased in presence of particles, reaching a maximum in the peak-aged condition.
These particles were observed to promote twin nucleation, but inhibit twin growth.
A simple model has been developed to show that in peak- and over-aged condition
the increase in twin number is accurately predicted by assuming the additional stress
driving twin nucleation equates to the Orowan stress inhibiting twin growth. The
capability of twinning was likely to be recovered by reducing the density of mobile
dislocations, such as ageing treatment.
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2.2.3 Other deformation mechanisms
Grain boundary sliding (GBS) is a shear process to change the shapes of grains
so that they can slide past each other without creating significant voids. The direct
experimental observation of GBS was firstly reported by Rosenhain and Humfrey in
1909 [77]. There are several studies developed to characterize GBS, and many of these
have been generalized by Langdon [78]. From the literature, the occurrence of GBS
was able to be observed in both fine and coarse grain size of materials [78, 79]. An
experimental procedure of the GBS behavior is to scribe transverse marker lines per-
pendicular to the tensile axis and to record geometry parameters [80]. Figure 2.15a
shows an example of the very clear offsets taking place in a transverse marker line for
a Mg–0.78 % Al alloy strained to 2.49 % at a temperature of 473 K under an applied
stress of 17.2 MPa. The specimens strained towards or beyond the end of the linear
region revealed a striking difference between the appearance of grain boundaries at
the surface and in the interior. At the surface, the boundaries connected triple points
by an almost straight trace, but, with the removal of a layer of thickness half-grain or
more, the boundary traces changed to an extremely irregular form. Koike et al. [81]
reported the occurrence of GBS at temperatures ranging from room temperature to
523K in AZ31 rolled sheets. The samples were subjected to tensile testing at a strain
rate of 8 × 10−4 s−1. GBS was demonstrated by the displacement of scribed lines
across grain boundaries of deformed samples (Figure 2.15b). It can be seen that after
10 % strain the scribed lines become abruptly shifted to another grain marked by the
arrows. GBS above 423 K was found to be pure GBS that was activated by resolved
shear stress acting on grain boundaries. The slip-induced GBS is considered to occur
by plastic compatibility conditions in the presence of plastic strain anisotropy and by
absorption and dissociation of lattice dislocations at grain boundaries.
2.3 Recrystallization and grain growth
Recrystallization (RX) is a process by which deformed grains are replaced by a new
set of undeformed grains that nucleate and grow until the original grains have been
entirely consumed. Recrystallization is usually accompanied by a reduction in the
strength and hardness of a material and a simultaneous increase in the ductility [82].
When the recrystallization process takes place during the deformation, recrystalliza-
tion is referred to as dynamic recrystallization (DRX). Static recrystallization (SRX)
refers to the evolution of the new grains after the hot or cold working deformation.
The most important industrial uses are the softening of metals previously hardened
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Figure 2.15: (a) The occurrence of GBS revealed by the boundary offsets in a transverse
marker line for a Mg–0.78% Al alloy tested under creep conditions at 473K [80]. (b) Focused
ion beam (FIB) image of AZ31 specimen deformed to strain of 10 % at room temperature
[81]. The tensile axis is horizontal.
by cold work, which have lost their ductility, and the control of the grain structure in
the final product.
2.3.1 Static and dynamic recrystallization
2.3.1.1 Static recrystallization
Static recrystallization may occur when a hot deformed material is subsequently
annealed. In addition, static recrystallization of cold-worked metals may be used to
refine the grain structure and release the stored energy in order to be imposed to high
deformation strains, and affect the kinetics of recrystallization as well. Stacking fault
energy (SFE) can significantly affect microstructure evolution during both deforma-
tion and annealing. In low SFE alloys, occurrence of cross slip is difficult, and then
static recrystallization takes place more easily. During recrystallization, the mechan-
ical properties that resulted from cold working are restored to their precold-worked
values drastically; that is, the metal becomes softer, weaker, yet more ductile. In brief,
annealing releases the stored strain energy and restores the ductility of deformed ma-
terials. The internal dislocation structure tends to be consumed during static thermal
processes such as thermal recovery and static recrystallization, resulting in a lowering
of the stored energy potential of the material [83]. Some heat treatments are designed
to allow recrystallization to occur with these modifications in the characteristics, i.e.
texture, microstructure and mechanical properties.
The well known JMAK model was proposed by the Kolmogorov, Johnson, Mehl
28 2. Literature Review
and Avrami [84].
Xv = 1− exp(−fN˙G˙
3
4
·tn) (2.5)
Which is often called the Avrami, Johnson-Mehl or JMAK equation. It is assumed
that nuclei are formed at a rate of N˙ and that grains grow into the deformed material
at a linear rate G˙. If the grains are spherical, their volume varies with the cube of their
diameter, and the fraction of recrystallized material (Xv) rises rapidly with time. How-
ever, the new grains will eventually impinge on each other and the rate recrystallization
will then decrease, tending to zero as Xv approaches 1 [84]. As described above, in
which the growing grains were assumed to grow in three dimensions, which we will refer
to as the JMAK or Avrami exponent is usually to be 4. The above treatment assumed
that the rates of nucleation and growth remained constant during recrystallization.
Avrami also considered the case in which the nucleation rate was not constant, but
decreasing as a function of time, N˙ having a simple power law dependence on time. In
this situation in lies between 3 and 4, depending on the exact form of the function [84].
Early studies of recrystallization textures in hexagonal metals reported that, in
general, the rolling textures were retained with some redistribution of texture inten-
sity [85]. Orientation distribution function (ODF) results from Inoue et al. [86] for
rolled and recrystallized titanium showed that the major component of the rolling tex-
ture, by a 30 ◦ rotation after recrystallization. However, the texture intensity increased
considerably as the reduction or the annealing temperature was increased. When the
annealing treatment was carried out at 1000 ◦C, i.e. within the β-phase field, the tex-
ture was modified by variant selection associated with the phase transformation. A
small quantity of literature was published related to wrought magnesium alloys be-
havior during annealing following deformation.
Yi et al. [87] examined the microstructural evolution during the annealing of AZ31
extruded rod at 400 ◦C employing neutron diffraction and electron backscatter diffrac-
tion (EBSD). The textures of the as-extruded and annealed samples after different
annealing times at 400 ◦C are displayed in Figure 2.16. The extruded bar shows a
typical strong 〈101¯0〉 extruded Mg fiber texture. With increasing annealing time at
400 ◦C, the 〈101¯0〉 fibre component is observed to weaken and the intensity on the
inverse pole figure becomes more homogeneously distributed between the 〈101¯0〉 and
〈112¯0〉 poles. The 〈112¯0〉 fiber component becomes distinct after 300 s annealing. The
〈112¯0〉 component strengthens gradually at the expense of the 〈101¯0〉 component and
becomes the main texture component after 1800 s variation with annealing time. The
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Figure 2.16: Inverse pole figures of the as-extruded bar and after annealing at 400 ◦C for
various holding times measured by neutron diffraction along extrusion direction (ED). Levels:
1, 2, · · · , 6 multiple random distribution (m. r. d) [87].
experimental results show that various texture types are produced depending on the
annealing time, i.e. on the degree of recrystallization and subsequent grain growth.
An EBSD orientation map of a sample annealed for 180 s at 400 ◦C is presented in
Figure 2.17. Rapid growth of the equiaxed grains occurred during annealing and their
average grain size reached 20.6 µm, while the large elongated grains maintained their
shapes and sizes. As can be seen, the misorientation relation between two points in
the elongated grain a and b was described as a rotation of 26.5 ◦ around the 〈11¯00〉
axis. The development of band-shaped agglomerates of small equiaxed grains within
the large elongated grain is observed when a large degree of misorientation exists. In
all areas inside the elongated grains where fine equiaxed grains appear, large degrees
of internal misorientation are found. The orientations of the fine grains developed
within an elongated grain are presented in Figure 2.17c. It should be noted that,
grains smaller than 3 µm have mainly 〈101¯0〉‖ED orientations. This result indicates
that grain growth is accompanied by a gradual orientation change from a 〈101¯0〉 to a
〈112¯0〉 fiber texture.
2.3.1.2 Dynamic recrystallization
Depending upon the microstructure evolution during hot deformation, DRX can
be classified as continuous or discontinuous. A continuous DRX (CDRX) process
is a recovery (RV) process and proceeds by continuous absorption of dislocations in
subgrain boundaries which eventually will result in the formation of high angle grain
boundaries (HAGBs) and thus new grains [54]. RV is a process controlled by the
thermally activated dislocation motions mentioned above, which result in rearrange-
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Figure 2.17: (a) EBSD orientation map of the sample annealed at 400 ◦C for 180 s. (b)
Misorientation profiles along the arrows a and b; the corresponding orientation changes are
plotted on the {101¯0} pole figure. (c) Inverse pole figures in the ED taken from equiaxed
grains, larger and smaller than 3 µm, located within the large elongated ones. Levels: 1, 1.5,
· · · , 3. Hmax = 4.3 m. r. d [87].
ment and annihilation of dislocations. In discontinuous DRX (DDRX) new strain free
grains with HAGBs evolve in the place of pre-existing grains whereas in CDRX low
angle grain boundaries (LAGBs) convert into HAGBs during deformation. The driven
force is attributed to the difference of dislocation density between new and deformed
structure [24]. In DDRX the effect of flow softening during recrystallization is visible
in the flow stress and is more pronounced than CDRX, where the subgrain boundaries
formed at low strains which evolve to HAGBs at higher strains [88].
Ion et al. [54] firstly reported the phenomenon and mechanism of rotational dy-
namic recrystallization (RDRX) on a single phase of Mg–0.8 wt.%Al alloy. The initial
orientation of the sample was oriented that the basal planes almost parallel to the
compression axis, which underwent massive {101¯2}〈101¯1〉 extension twinning resulted
in a strong basal texture. The Schmid factor for basal planes became very small caus-
ing stress concentration at old grain boundaries and twin boundaries, and therefore
non-basal slip was activated to certain extent. Minor migration of subgrain bound-
aries driven by locally high stored energy brought about the coalescence of boundaries
and the formation of HAGBs, i.e. continuous dynamic recrystallization. It was found
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that the operation of RDRX might cause subsequent deformation inhomogeneity. The
occurrence of RDRX resulted in a microstructure comprised of large old grains sur-
rounded by small recrystallized grains (Figure 2.18). In contrast to the old grains,
recrystallized grains exhibited an orientation favorable for basal slip. However, basal
slip was constrained by adjacent old grains when the degree of RDRX was small. With
further deformation, RDRX continued to occur, which produced broadening of recrys-
tallized zones. The following coalescence of recrystallized zones caused the formation
of easy slip paths through the specimen. Consequently, further deformation was con-
centrated in these paths and gave rise to the deformation inhomogeneity (i.e. shear
zones or ductile zones).
Figure 2.18: The schematic diagram for the formation of ductile shear zones or localized
deformation bands after RDRX [54].
Nucleation at grain boundaries usually occur by grain boundary bulging. The
driving force for bulging is offered by inhomogeneous subgrain size distribution (Fig-
ure 2.19a) and when the subgrain size exceeded the critical value where grow up by
consuming other small subgrains [24]. The serrated boundaries migrated ahead by
forming LAGBs behind the swept volume. Dislocation incorporation gradually trans-
formed the LAGBs into HAGBs and eventually cut off the expanding serration from
the parent grain (Figure 2.19b). Therefore, subgrain boundary migration is related to
nucleation of new grains and nuclei growth associated with coalescence of low angle
grain boundaries and formation of increasingly high angle grain boundaries [89].
The mechanism of twinning induced dynamic recrystallization (TDRX) was in-
vestigated by Sitdikov et al. in detail [90]. The experiments were carried out on a
coarse-grained pure Mg. They suggested that three steps are involved in the develop-
ment of TDRX. First of all, specific twin boundaries must be generated, which could
be achieved by the crossing of deformation twins and/or intersection of initial twins
by deformation twins or by the occurrence of double twinning in terms of secondary
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Figure 2.19: (a) The schematic diagram for nucleation at grain boundaries by grain boundary
bulging [24]. (b) Microstructure observation strained to 0.12 during uniaxial compression of
ZK60 specimen at 723 K and 2.8×10−3 s−1 [89].
{101¯2}〈101¯1〉 twins formed as thin lamellas in primary {101¯1}〈101¯2〉 twins or even
by formation of LAGBs across twin bodies. Then the second stage was involved in
transforming boundaries formed in the first stage into random HAGBs, which was
accomplished by dislocation accumulation and the further activated non-basal slips.
At this stage, TDRX grains generated with irregular shapes, which were energetically
unstable. In the final stage, the irregular shapes were transformed into stable shapes
by limited grain boundary migration. They also listed three nucleation types of TDRX
:
1. nucleation at the intersections of twins belonging to various twin bands
2. nucleation at second generation {101¯2} extension twins within primary {101¯1}
contraction twins, an event that occurs frequently from 150 to 300 ◦C
3. nucleation at sub-boundaries as a result of the intersection of LAGBs with twins
Xu et al. [91] also reported the observation of TDRX during hot compression of
cast AZ91 alloy (Figure 2.20). Furthermore, they classified this kind of phenomenon
as one type of continuous dynamic recrystallization (CDRX) due to the generation
of HAGBs directly from LAGBs by continuous incorporation of cross slip activated
dislocations into subgrain boundaries.
The expression for volume fraction of dynamically recrystallized grains XR moti-
vated by the classical treatment of the kinetics of grain boundary nucleation is proposed
by Cahn [92] as following:
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Figure 2.20: Optical microstructures of specimens compressed to (a) ε = 0.05 and (b) ε =
0.20 at 300 ◦C with strain rate of 0.2 s−1 [91].
XR = 1− exp[(−k)(ε− εc
εc
)n] (2.6)
Where k and n are the material constants; ε is the accumulated plastic strain; εc
is the critical strain. Barnett et al. reported that both the dynamiclly recrystallized
grain size and the fraction of dynamically recrystallized grains were strongly dependent
on the deformation temperature and strain rate [93]. The authors observed that the
flow stress increases with increasing grain size, the peak stress reduces by ∼ 20% when
the grain size is reduced from 16 to 3 µm. This effect is decreased by an increase in
the strain. The correlation between grain size and peak stress and strain is shown in
the Figure 2.21a. An empirical equation relating the strain rate and temperature to
strain and peak stress is given by the author as
εp = 1.7× 10−3d0.250 Z0.14 (2.7)
The correlation between d0, DRX grain size and the percentage DRX is shown in
Figure 2.21b. It can be seen that the DRX grain size is insensitive to the initial grain
size. Fine grain size contributes to higher density of nucleation sites and eventually
leads to softening at lower stresses when compared to coarse grained samples; therefore
flow stress and strain to peak stress are lower for fine grain samples. As the strain
is increased, the structure reaches a steady state and the influence of initial structure
diminishes.
Tan et al. [94] used the fraction Vf of fine grains to describe the extent, to which
the dynamic recrystallization reaction proceeds during tensile tests of AZ31 at tem-
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Figure 2.21: Influences of grain size on (a) peak stress and strain; term n is material constant
derived from power law between peak stress and original grain size. (b) Fraction dynamically
recrystallized and the dynamically recrystallized grain [93].
peratures ranging from 200 ◦C to 400 ◦C and strain rates from 10−4 s−1 to 10−2 s−1:
Vf =
∑
Af∑
Ai
(2.8)
The criterion they used to define a fine grain was an average grain size of less than
10 µm.
∑
Af is the total area of individual fine grains, and
∑
Ai is the total sampling
area. The highest volume fraction of fine grains is up to 92%, when deformation was
performed at 250 ◦C and strain rate of 10−4 s−1. It was found that grain refinement
by dynamic recrystallization becomes less effective at higher temperatures, i.e. 400 ◦C
(and above) for the chosen strain rate range due to rapid grain growth which counter-
acts the positive effects of DRX.
2.3.2 Grain growth
During recrystallization, after the stored energy is completely consumed by the
new grains, the microstructure still keeps in an unstable state. The need for further
reducing the energy in the form of grain boundaries leads to the grain growth phenom-
ena. As an important parameter, grain size is closely related to mechanical properties,
toughness and the creep resistance of the materials. If the materials undergo further
thermal activation after fully recrystallization, the grains continue to grow. Grain
growth usually takes place in two modes: normal grain growth and abnormal grain
growth. Normal or continuous grain growth refers to the condition that the size of
all grains increases uniformly and correspondingly during annealing. If only a few
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Figure 2.22: Volume fraction of fine grains after tensile testing to fracture plotted against
temperature, for the different strain rates [94].
grains grow rapidly while others are being consumed, this phenomenon is subsumed
under the term abnormal or discontinuous grain growth or secondary recrystallization.
The grain growth process can be influenced by many factors. The main factors
are listed here: temperature, solutes and particles, specimen grain size and so on.
Grain growth mainly involves the migration of the high angle grain boundaries. The
migration rate is determined by the mobility, which is heavily dependent on the tem-
perature. The boundary migration will be strongly impeded by the solutes and the
particles through the pinning effects. Since the driving force for boundary migration
is provided by the energy stored matrix, the growth rate diminishes as the average
grain size increases.
A systematic study on the kinetics of grain growth of a fine-grained rolled AZ31
magnesium alloy was carried out by Miao et al. through isothermal and isochronal
annealing treatments [95]. It was found that the grain growth of the alloy is very
sensitive to the annealing temperatures and average grain size distribution ranging
from 5 to 33.5 µm. The value of grain growth exponent (n), can be obtained from
the linear relationship between the logarithm of grain growth rate namely the ratio
logarithm of dD/dt over logarithm of grain size D (Figure 2.23a). Therefore, the grain
growth rate can be calculated in the form of the following expression:
ln(dD/dt) = ln(k/n)− (n− 1) lnD (2.9)
Where D is the mean grain size after an annealing time t at temperature T, and
the value of the constant n is equal to 4 for the investigated annealing temperatures.
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Figure 2.23: (a) Relationship of logarithm of dD/dt vs. logarithm of D. (b) Plot of D4-D4
0
against annealing time t [95].
Combined Eq 2.9 with time, one can obtain:
D4 −D4
0
= kt (2.10)
Where D0 is the initial grain size before annealing, D is the final grain size after
annealing for a period of time t, and k is a constant depending on the annealing
temperature T. The relationship between the value of D4-D4
0
and the annealing time t
was shown in the Figure 2.23b. They attempted to calculate the value of the activation
energy for grain growth, Eg, as follows:
Eg = 9.72× 8.314× 1000 = 80.8KJ/mol (2.11)
It can be seen that the activation energy (Eg), for the grain growth of the investi-
gated alloy is about 11 kJ/mol lower than the value of 92 kJ/mol as reported in Ref
[50] for the as-cast pure magnesium. This is not expected, since usually a pure metal
should have lower activation energy for grain growth than its alloys.
2.4 Important factors for ductility enhancement
There is an increasing demand for large scale production of Mg alloy sheets with
high performance in automobile industrial applications to replace heavy sheet (steel,
aluminum) components. In recent years, a vast majority of research has been carried
out on AZ31 sheet alloy. The results show that the formability of the sheet was highly
determined by the variables such as deformation temperature, initial texture, strain
rates and solute atoms, etc.
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2.4.1 Deformation parameters
As described before in section 2.2.1, with increasing deformation temperature the
CRSS for non-basal slip systems decreases and the activation of such slip systems
becomes easier. In particular, at 400 ◦C, the CRSS for the prismatic and pyramidal
slip systems is only about twice that of the basal planes favorably for deformation.
Lee et al. [96] investigated the effect of initial texture on the anisotropic properties
of AZ31 Mg alloys in compression tests under temperatures from RT to 400 ◦C. The
true stress–true strain curves of rolled ND specimens exhibited a typical convex-upward
shape over a whole temperature range unlike those of RD specimens revealed a convex-
downward shape at low temperatures below 400 ◦C (Figure 2.24a). For rolled ND
specimen, there were no twins observation in the microstructure, while profuse twins
were observed in rolled RD specimen. Figure 2.24b shows the top views of rolled ND
specimens compressed to a strain of 0.3 at 200 ◦C with strain rate of 0.01 s−1. In
addition, the specimens were subjected to tensile tests from the rolled materials along
three different directions (RD, TD, ND planes). It is well known that, the r -value
represents the thinning resistance of the sheet and can be expressed as following:
r =
εw
εt
=
ln
w
w0
ln
t
t0
(2.12)
Because the r -value usually varies with the test direction, however, an average
r -value (r), is commonly used to characterize a material anisotropy:
r¯ =
R0 + 2R45 +R90
4
(2.13)
It was found that the average r -value(r¯) decreased with increasing temperature.
The difference in the average r -values diminished with increasing temperature. Higher
average r -values of the RD plane over a whole temperature range as compared to those
of the ND and TD planes were also related to the slip and twin activation. With in-
creasing temperature, the r -value of each plane approximated to 1 due to the activation
of other slip systems such as pyramidal 〈c+ a〉 slip in magnesium alloys.
Zhang et al. [97] found that deformation temperature played an important role
in softening of flow curves due to occurrence of strong DRX. The flow curves can be
divided into three types. The highest one was in the low temperature working region
(≤ 473 K) with typical twinning feature observation. At intermediate temperature
(523, 573 K), the flow curves exhibited good ductility and work softening after the
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Figure 2.24: (a) Temperature dependence of the true stress–true strain curves obtained at
strain rate of 0.01 s−1 after compression tests along rolled ND. (b) Photos showing the top
views of the specimens compression-tested at temperatures from 150 to 450 ◦C [96].
peak stress. At high temperature (623, 673 K), work softening surpassed the work
hardening process at small strain. As the test temperature increased, the size of DRX
grains at original grain boundaries increased greatly. The grain growth originated from
high temperature drive the migration of DRX grain boundaries.
2.4.2 Strain hardening and strain rates
The strain hardening behavior is generally used to evaluate the flow localization
resistance of materials. When a material undergoes deformation, in order to accom-
modate more uniform strain, it has to spread deformation to its neighboring regions by
increasing the stress to promote continuous dislocation glide. Therefore, strain hard-
ening promotes stable plastic flow and retards the onset of necking. There are two
common mathematical descriptions of the strain hardening phenomenon. Hollomon’s
equation is a power law relationship between the stress and the amount of plastic
strain:
σ = Kεnp (2.14)
Where σ is the stress, K is the strength index, εp is the plastic strain and n is the
strain hardening exponent. The constant K is structure dependent and is influenced
by processing while n is a material property normally lying in the range 0.2-0.5. The
strain hardening index can be described by:
n =
d log σ
d log ε
(2.15)
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Mg alloys usually have low n values of 0.12-0.15 at room temperature, which ex-
plains its poor formability at room temperature [46]. The main effect of strain rate
hardening on the formability of materials is revealed by inhibiting further development
of the stress concentration in the neck region. When a region in a deforming body
undergoes necking, a higher strain rate will occur locally in this region. The strain-rate
hardening of such a region causes this area to experience a reduced rate of stability
loss; i.e. strain localization is retarded. High strain rate sensitivity leads to enhanced
post-uniform elongation and more gradual rate of loss of load-carrying ability [98].
Figure 2.25: Strain rate dependent flow curves of AZ31B (S0=1.0 mm) determined in the
uniaxial tensile test at a temperature of T=200 ◦C [99].
There have been some attempts to measure strain rate sensitivity for Mg alloys
dating back to the work of Flynn et al. [100] who used strain rate sensitivity mea-
surements in attempts to identify the rate controlling mechanism for prismatic slip.
To determine the effect of strain rate on formability, del Valle [101] and Doege [99]
measured the strain rate sensitivity for a dilute AZ series alloy. del Valle investigated
the effects of grain size on strain rate sensitivity for Mg AZ31 sheet with grain sizes of
2.5-55 µm between 300 and 350K and found that strain rate sensitivity, measured as
the initial slope of the Hassen plot, increased with decreasing grain size and that there
was a correlation between increasing strain rate sensitivity and decreasing initial work
hardening rate. Doege performed uniaxial tensile tests at 200 ◦C by using different ve-
locities. It was found that when the strain rate was increased there was a considerable
increase in the flow stress (Figure 2.25). When the temperature decreased, the effect of
strain rate was less significant. In addition, the tests show that if strain rate is raised
there is a decrease in elongation at any temperature. To put it briefly, magnesium
alloys can be extremely ductile when they are deformed at high temperatures with a
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low strain rate.
2.4.3 Initial texture and anisotropy
The initial texture is another important factor that has a remarkable effect on the
formability of Mg alloys during deformation. If the starting material has a random
texture or an orientation favorable for basal slip, a basal fiber texture tends to form
[102]. For materials unfavorably oriented for slip, a dramatic alteration in formability
may take place due to the operation of various deformation mechanisms.
Kleiner and Uggowitzer [103] examined the tensile and compression behaviors of
an AZ61 extruded rod as a function of orientation. They enabled samples with longi-
tudinal axes tilted from 0 to 90 ◦ with respect to the longitudinal rod axis. The tensile
and compressive stress–strain curves are presented in Figure 2.26. The highest yield
strength of around 200 MPa in extruded Mg–Al–Zn alloys only holds for tensile testing
exactly parallel to the extrusion direction, since neither basal slip nor twinning can
easily be activated in the textured material under such loading conditions. It can be
seen that, under a tensile load, the deformation behavior is much more orientation-
dependent than under compression. The preferred orientations of the specimens with
tilt angles from 45 to 60 ◦ are able to accommodate more strain by twinning than the
45 ◦ oriented specimens.
Gehrmann et al. [104] investigated the role of the starting texture in the activation
of slip and twinning systems during deformation of pure magnesium and AZ31. The
specimens with different initial textures exhibited a different deformation behavior as
obvious from the flow curves (Figure 2.27). All flow curves except type D revealed
a flow stress maximum followed by a conspicuous loss of strength. This decrease of
strength was accompanied by the occurrence of inhomogeneous deformation and the
appearance of shear bands and shear cracks. Ductility improvement over specimens of
orientation type A, but at 100 ◦C the strain to fracture remained small. By contrast,
orientation type D revealed a substantial improvement of ductility over sample types
A and C. In this case, prismatic 〈a〉 slip could provide the sufficient slip systems during
the deformation and render the twinning trivial contribution. Hence, the formation of
a basal texture can be suppressed and a homogeneous deformation to large fracture
strains is possible.
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Figure 2.26: Tensile and compressive stress–strain curves of extruded AZ61 at the onset
of yielding for different tilt angles between longitudinal rod axis (extrusion direction) and
longitudinal specimen axis (loading direction) [103].
2.4.4 New processing techniques
Both grain refinement and texture modification have great influence on the me-
chanical properties in Mg alloys. In recent years, a novel metal forming process, equal
channel angular extrusion (ECAE), demonstrated that it imparts large strain with-
out significantly changing the overall dimensions of the sample. It is recognized that
ECAE offers the potential to refine the grain size and to induce unique deformation
textures. Mukai et al. [105] suggested that a two to three times improvement in the
tensile elongation of the AZ31 processed by ECAE attributed to the randomization of
the originally strong extrusion fiber texture (with the equivalent grain size distribution
before and after ECAE).
Agnew et al. [106] systematically investigated texture evolution and deformation
mechanisms of the four different Mg alloys (AZ, ZK, WE and MgLi) deformed by
means of ECAE. The fact that different alloys exhibit different texture evolutions is
an indication of distinctions in the balance of deformation mechanisms which operate
within the different alloys. Polycrystal plasticity modeling is used to obtain expla-
nations for these texture distinctions in terms of the relative activities of non-basal
secondary slip modes, involving 〈a〉 and 〈c+ a〉 type dislocations. Alloys of AZ31 and
AZ80 demonstrate basal slip dominated deformation with a small balanced contribu-
tion of the non-basal 〈a〉 and 〈c+ a〉 slip modes. Alloys ZK60 and WE43 also show
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Figure 2.27: Flow curves of different specimen types of pure magnesium deformed at 100 ◦C
in plane strain compression [104].
similarities with each other, and a significant contribution from the non-basal 〈c+ a〉
slip mechanism in addition to basal slip. The unique texture evolution of the Mg–Li
solid solution exhibits a number of characteristics, which is associated with large-scale
strain accommodation by the prismatic 〈a〉 slip.
Commercially pure magnesium deformed at 250 ◦C through the routes A, BC and
C up to four passes was carried out by Suwas et al. [107]. Figure 2.28 shows the
texture evolution after ECAE with different routes. Texture evolution was found to
follow a different course for different routes of ECAE. The overall observation from
the intensity of the basal plane are (i) it increases with the number of passes, and (ii)
strengthening with the number of passes is in the order C > BC > A. For route A,
the deformed texture was reserved and texture intensity varied with extrusion passes.
After the first pass, the highest intensity of poles is located ∼ 28 ◦ away from ND.
With increasing number of passes, the maximum intensity approaches ND to attain
a 16 ◦ inclination to ND after four passes. For materials processed through route BC ,
the pole distribution became more and more unsymmetrical with increasing number
of passes such that the basal poles rotated around TD as well as ED. For route C,
asymmetry strictly around TD prevails from the second pass, increases for the third
pass to 31 ◦ and then slightly returns to 28 ◦ after the fourth pass. In addition, route
C gives rise to the sharpest texture. Finally, it is possible to cold roll material ECAE
processed via the Bc route up to 80% reduction without any problem. This can be
attributed to the specific texture generated by ECAE.
Cyclic extrusion compression (CEC), as a kind of continuous severe plastic defor-
mation technique originally proposed by Richert et al. [108], is very suitable for refining
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Figure 2.28: Recalculated {0002} and {101¯0} pole figures for ECAE processed materials
[107].
grains of hard-to-deform metals due to the imposement of three-dimensional compres-
sion stresses during processing. Wang et al. [109] have studied the microstructure
evolution and the effect of the second-phase on textures of AZ series magnesium al-
loys during CEC. The results show that CEC is an effective grain refinement method
for magnesium alloys, and the most effective CEC pass is the first pass. The mi-
crostructure of the different Mg alloys at the same number of passes becomes more
homogeneous as Mg17Al12 particles increase from AZ31, AZ61 to AZ91. The Mg17Al12
particles promote increases of the fraction of high angle grain boundaries, the dislo-
cation density, the refinement process of coarse grains at initial CEC pass, and the
texture randomization and delay the formation of network shape structures.
2.5 Influence of RE elements in Mg alloys on de-
formation and recrystallization
It has been shown in a number of works that the addition of RE elements can
significantly improve the ductility of Mg alloys [110, 111]. By contrast to RE-free
wrought Mg alloys, which develop sharp deformation textures associated with strong
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mechanical anisotropy [112], Mg alloys containing RE develop much weaker and un-
usual textures [113]. Although the addition of RE elements offers the possibility to
greatly enhance the mechanical properties, we still lack considerable basic knowledge
about the behavior of these alloying elements.
2.5.1 The role of solute atoms
The solute atoms in the form of either substitutional or interstitial point defects
in the crystal cause lattice distortions that impede dislocation motion, increasing the
yield stress of the material [24]. The presence of solute atoms impart compressive or
tensile stresses to the lattice, depending on solute size and/or concentration as well as
distribution, which interfere with nearby dislocations, causing the solute atoms to act
as potential barriers to dislocation propagation and/or multiplication. In addition, so-
lute atoms have a strong influence on texture evolution and recrystallization behavior
in Mg alloys.
Stanford reported that texture modification is observed upon micro-alloying of Y,
Ce, Gd and La in extruded Mg alloys [9, 114]. Two RE elements (Gd and Y) that
are soluble in Mg, and two RE elements that are largely insoluble, La and Ce were
chosen for comparison. The investigated alloys were Mg–RE binary alloys with the low
alloying levels of 300, 400 and 600 ppm respectively and subjected to hot extrusion at
450 ◦C for fully recrystallization. It was anticipated that at 450 ◦C the heavily alloyed
specimens would exhibit a unique rare earth recrystallization texture.
The deformed texture is not typical of extruded Mg alloys-the maximum texture
strength is offset from [112¯0] by 14 ◦, and has equal texture strength along the arc
of the stereographic triangle. Even if a small amount of alloying addition is able to
change the texture feature to a more conventional appearance in which the strongest
peak lies at [101¯0]. At low concentrations, all four alloy series showed a pure Mg type
texture. At sufficiently high concentrations, the Ce, La and Gd series of alloys showed
the RE texture typified by a texture component at [1¯21¯1] parallel to the extrusion
direction. The minimum concentration required to give rise to the texture peak at
[1¯21¯1] is 0.06 at.% Gd, 0.03 at.% La and 0.04 at.% Ce. Y can not obtain this RE
texture type at any of the concentrations.
Figure 2.29 shows texture strength as a function of the alloying content. It was
found that La, Ce and Gd are all effective texture modifiers, being able to produce
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Figure 2.29: Effect of composition on the texture strength for (a) La- and Ce-containing
alloys and (b) Y- and Gd-containing alloys. Data for pure magnesium shown in both graphs.
Textures that exhibit the pure Mg texture are circled, and lines in (b) are to guide the eye
[114].
the RE type texture at the low alloying levels in the form of solid solution. Y was
not as effective as the other three elements in modifying the texture, and a typical RE
texture observed without substantial texture strength variation respect to alloy con-
tent (Figure 2.29b). For the case of these fully soluble RE elements, these changes in
grain size, texture and recrystallization behavior can only be driven by solute effects,
since no precipitation takes place. Stanford inferred that a strong interaction of solute
atoms with dislocations and grain boundaries is responsible for the significant texture
modification during extrusion [114].
Another similar work performed by Stanford and Barnett, they examined the ex-
trusion behavior, texture and tensile ductility of five binary Mg-based alloys in com-
parison with pure Mg [9]. The five alloying additions were Al, Sn, Ca, La and Gd,
with equivalent grain size. The RE addition with La- and Gd-containing alloys show
the best ductilities due to generating a weaker extrusion texture. The Gd-containing
alloy shows a significantly different microstructure with respect to pure Mg. The re-
crystallized grains do not inhabit large areas, but have grown along well-defined bands
(Figure 2.30). These bands align into one of two directions: parallel to the extrusion
direction, or inclined at ∼ 14 ◦ to the extrusion direction.
The crystallographic orientation of the recrystallized grains are shown in an inverse
pole figure in Figure 2.30, and it is clear that these grains do not lie on the arc between
〈112¯0〉 and 〈101¯0〉 parallel to the extrusion direction. It therefore appears that the Gd-
containing alloy has two distinct recrystallization texture components that originate
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Figure 2.30: EBSD mapping of Mg–Gd specimen extruded at 415 ◦C. Region shown is from
the toe of the extrusion that first exits the extrusion die. Extrusion direction is left to right,
with the higher strain region on the left. Inverse pole figures refer to the extrusion direction
[9].
from different microstructural features. The bands of recrystallized grains originat-
ing within the deformed grains give rise to the conventional extrusion texture around
〈101¯0〉, while the grains originating from the shear band regions have an RE texture
component. The origin of the RE texture component has been found to be the higher
propensity for nucleation at shear bands in the RE-containing alloys. It is proposed
that the 〈112¯1〉 texture component arises from oriented nucleation at shear bands.
2.5.2 The role of second phase particles
Ball et al. firstly reported in WE54 mischmetal based alloy development with
random textures during extrusion compared to conventional Mg alloys [113]. It was
found that the texture can strongly reduce the tension-compression asymmetry. It
was attributed to particle-stimulated nucleation (PSN) of recrystallization as the main
mechanism weakening the texture where the high content of alloying elements corre-
sponds to the appearance of a broad distribution of particles. Unfortunately, they
did not give a reasonable explanation why the occurrence of PSN leads to random
textures in Mg alloys. Evolution of a non-basal texture in compressed WE53 alloy was
ascribing to grain growth [115]. Alternatively, non-basal textures may be associated
with recrystallization of nucleation at shear bands [114]. Mackenzie et al. further
verified in WE43 alloys the recrystallized grains were oriented with basal planes at ∼
45 ◦ to the extrusion axis [116]. The microstructure of WE43 following extrusion at
360 ◦C is shown in the EBSD orientation micrographs presented in Figure 2.31. The
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evolution of texture was associated with an orientation selection in the early stages of
recrystallization and grain growth. It appears that alloying elements in WE43 change
recrystallization behavior and the orientation relationships for high boundary mobility.
Figure 2.31: EBSD images showing microstructure of WE43 following extrusion at 360 ◦C:
(a) Deformation heterogeneities are indicated by arrows; small recrystallized grains ringed
are associated with heterogeneities. (b) Most of small recrystallized grains are associated
with second phase particles. The second phase particles are highlighted in white color [116].
2.6 Deformation texture modeling
Wrought magnesium alloys exhibit strong anisotropies and asymmetries in their
mechanical properties due to the existence of significant crystallographic textures and
intrinsically anisotropic single crystal behavior. Low symmetry aggregates exhibits
multiple crystallographic slip and twinning modes during deformation. Mechanical
twinning, in particular, plays a critical role in deformation of hexagonal materials:
it has a marked effect on texture evolution consistent with reorientation of twinned
parts and it strongly affects the hardening response of low symmetry aggregates [117].
In polycrystal models, each grain deforms based on crystal plasticity, where slip and
twinning mechanisms are activated to accommodate imposed strain. Interaction be-
tween grains are simulated by Full Constraints (FC) [118], Relaxed Constraints (RC)
[119], or Self-Consistent (SC) [120] approaches.
In 1978, Van Houtte integrated {111}〈112〉 twinning into well known Taylor model
application for fcc materials [121]. The parameter α was employed to describe the
ratio between the CRSS in twinning and in slip. No interaction is considered in the
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FC approach, because of the abidance of homogeneous deformation, in which the ex-
ternal strains are equally transmitted for each single grain. The FC approach is mainly
used to model the mechanical response of cubic metals with low to medium plastic
heterogeneity [122]. In the RC approach, three independent slip systems, rather than
five slip systems in the FC approach, are required for arbitrary deformation, where the
external shear components are not transferred into the grain. The relaxations for these
shears lead to better prediction for texture evolution than FC approach, because the
local boundary conditions acting upon grains are more appropriate. Thus the texture
predictions at large strains regime is superior to the FC Taylor model. Within the
SC approach, each crystal is treated as an inhomogeneity embedded in the aggregate,
while the aggregate is represented by a homogeneous effective medium (HEM) which
has the average properties of the polycrystal. When the medium is subjected to ex-
ternally imposed loadings, the relative stiffness of grain and medium determine the
deformation of former crystal. SC polycrystal models are solved in an iterative fashion
for the deformation and the stress. Interaction between the crystal and the HEM is
given explicitly and determined by the applied stress.
In 1991, Tome´ et al. proposed a predominant twin reorientation (PTR) scheme
consisting of reorienting the grain using the most active twin system in it [123]. In
this scheme, a predominant twin system with the maximum twin volume fraction was
selected in each grain and used to fully reorient the addressed grain if a specific accu-
mulated value reaches the threshold. In 1993, Lebensohn and Tome´ further proposed
a volume fraction transfer (VFT) scheme and implemented it in a visco-plastic self-
consistent (VPSC) code [124]. In this VFT scheme, the Euler space is partitioned
into equal cells, and the volume fraction of twinned parts and untwinned parts were
assigned to corresponding cells evolves with recorded deformation. The VFT approach
permits one to account for the contribution to texture of every twin system in every
grain by transferring volume fractions from one cell to another in Euler space. A
distinct disadvantage of VFT scheme is that the grains feature is lost which does not
allow implementing a realistic hardening scheme.
The other models used to simulate the martensitic transformation induced plastic-
ity (TRIP) steels have been adapted for twinning modeling [125]. The model treats
twins as an increasing number of small flat inclusions which do not allow slip or any
twinning inside them and it can be treated through a Mori-Tanaka approach for com-
posite systems. However, such assumptions is not applicable to hexagonal materials
since twins is able to grow comparable to grains rather than lamellar structures and
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slip as well as secondary twinning in the primary twinning plays a key role in defor-
mation, which was presented in zirconium [117].
The constitutive description for mechanical behavior of hexagonal materials, an-
other description of the twin-induced hardening is required to consider other than
texture evolution. The challenging task is that we need better understanding of the
interaction between slip and twinning modes. Such an effective understanding is still
not adequate, in which the twinning induced hardening in the polycrystal models in a
rather empirical way by assuming the threshold stress of the slip and twinning modes
with latent hardening.
In Kalidindi’s study on brass, latent hardening is conducted as a function of the
coplanarity between twin and slip planes under deforming of compression and shear
[126]. A revision of this model is applied by Salem et al. into Ti to study texture and
stresses evolution deformed in compression and shear [127]. A latent hardening scheme
was implemented in VPSC code using PTR scheme for handling twin reorientation by
Tome´ et al. They developed constitutive laws for Zr at room and nitrogen tempera-
tures, which reproduce tensile and compressive response and texture evolution along
different strain path [128]. This approach was adapted by Brown et al. and popularized
to describe plastic deformation of Be [129] and Mg [130]. The aforementioned efforts
were reasonably successful in reproducing the measured stress–strain response and
texture evolution associated with monotonic loading in tension, compression, rolling
or torsion. Nevertheless, the real challenge is to predict the mechanical response with
complex loading conditions, i.e. strain path change in latent hardening neglects the
directionality of the microstructure development produced during the previous defor-
mation path. The well-established VPSC code as a platform was further developed
and incorporated with a meso-scale composite grain (CG) model [117]. The texture is
represented by weighted orientations, where a weight denotes the volume fraction of
those grains oriented in the same orientation.
The crystal plasticity finite element method (CPFEM) was developed to simulate
heterogeneous plastic deformation of hexagonal materials [131]. A difficult facet of the
present theoretical foundations of CPFEM for hexagonal materials is the incorporation
of a reorientation scheme by deformation twinning into the constitutive equations. In
contrast with Taylor model focused on homogeneous deformation, the CPFEM model
enforces local compatibility and is suitable for describing the local response. Starosel-
sky further proposed using a probabilistic approach to simulate the texture evolution
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and stress-strain response of a polycrystalline Mg alloy. In this approach, the orienta-
tions of grains were replaced by twin-related orientations only if the twinned volume
fraction exceeded a critical random number [132]. The Grain-interaction (GIA) model
is one of the most advanced cluster type Taylor models, and has been successfully
applied to predict deformation texture in fcc and bcc materials [133]. Recently, Mu
et al. implemented the PTR scheme into GIA model to capture texture evolution
associated with twinning hardening [134]. Compared to VPSC and CPFEM models,
GIA is convenient and advantageous for treatment of grain interaction. It is more
appropriate model for grain interaction by describing the grain interaction by adding
a proper number of geometrically necessary dislocations (GND) into boundaries, with-
out sacrificing the computation time so much.
To date, most of models described above are based on empirical way to predict
texture evolution and stress–strain response rather than from physical foundations of
materials parameters. Meanwhile, the influence of chemical compositions and recrys-
tallization on Mg alloys during deformation at elevated temperatures was not obtained
adequate solution so far. Therefore, it is a long way to establish an accurate model to
predict mechanical response and texture evolution in hexagonal materials.
Chapter 3
Experimental Procedure
This chapter describes in detail the alloys investigated in this work, which were
either provided by an industrial company or in-house fabricated. The materials used
in the present work are discussed in Section 3.1. A brief description of the experi-
mental apparatus is also given and the testing procedures are outlined. Section 3.2
accounts for the thermo-mechanical processing and relevant experimental set-up used
to investigate the deformation behavior. Sample preparation is addressed in Section
3.3, whereas the X-ray and EBSD measuring techniques for texture and microstructure
measurements are described in Section 3.4.
3.1 Initial materials
Throughout this research two types of magnesium materials were investigated.
The first part of investigations focused on a commercial rare-earth containing Mg al-
loy sheet ME20, with the main aim of understanding the microstructure and texture
evolution, as well as the resulting mechanical properties including in-plane anisotropy.
The second part of the study focused on experimental alloys based on the Mg–Zn–Zr
system containing different single rare earth elements. The aims of the second part of
investigations were to understand the effect of each RE elements on the deformation
and recrystallization behavior and determine which RE elements yields the best prop-
erties with respect to strength and ductility.
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3.1.1 Mg–Mn–Ce alloy
Mg–Mn alloys have been used as sheet material for automotive applications due to
good rolling behavior, weldability and corrosion resistance combined with a medium
strength. More recently it has became important in the development of high perfor-
mance creep alloys. The shortcoming of manganese is that it exerts little effect on the
tensile properties of either cast or wrought magnesium. Addition of cerium, is known
to improve the strength and elevated temperature properties. The solubility of Mn in
magnesium is 2.2 wt.%. With decreasing temperature the solubility decreases causing
more precipitation of manganese. A solid-solution type of ternary intermetallic com-
pound (Mg, Mn)12Ce is able to be formed, keeping the same tetragonal structure as
Mg12Ce [135].
3.1.2 Mg–Zn–Zr–RE alloys
Zn is one of the most effective alloying elements for improving the mechanical prop-
erties of magnesium. The binary phase diagram (Figure 2.4) shows 6.2 wt.% solubility
at the eutectic temperature of 340 ◦C. Zn solutes have a strong tendency to segregate
to the regions that solidify last. The diffusion of Zn in Mg is rather slow, and therefore,
it is hard to completely dissolve these non-equilibrium intermetallic compounds and
fully homogenize the Zn distribution to get a uniform solid solution structure. The
current study investigates five ZK-based alloys (Mg–Zn–Zr), containing little additions
of selected RE elements, i.e. cerium (Ce), lanthanum (La), neodymium (Nd), gadolin-
ium (Gd) and mischmetal (MM).
3.2 Experimental set-up
3.2.1 Rolling
In the current investigation four different kinds of rolling experiments were per-
formed: (i) unidirectional rolling, (ii) cross rolling, (iii) large strain rolling and (iv)
accumulative roll bonding (ARB). The initial ME20 sheet was cold rolled at room
temperature to examine the alloy’s rollability and annealing behavior in the presence
of fine particles. Rolling was carried out using a laboratory rolling mill with rolls of
250 mm in diameter and 400 mm in width. Figure 3.1 shows the experimental setup
for the rolling experiments. Unidirectional rolling is conducted with a fixed the rolling
3.2 Experimental set-up 53
direction, which is the most common rolling mode in practical production of sheet
products. Cross rolling was used to examine the influence of changing the strain path
on the evolution of the rolling texture and microstructure. In cross rolling, the rolling
direction is rotated 90 ◦ about the sheet’s normal direction each pass before the next
rolling pass is carried out. Large strain rolling is an effective Mg grain refinement
technique, which imposes large strains in one single rolling pass. In the ARB process,
50% rolled material is cut into two, stacked to be the initial dimension and then rolled
again, which has great potential to be adopted by industry to produce fine-grained
materials in the form of large sheets. These last two rolling processes have good po-
tential for the production of fine grained sheets.
Figure 3.1: Experimental setup for the rolling experiments.
3.2.2 Compression
It is common practice to simulate the rolling operation using plane strain compres-
sion (PSC) testing. In contrast to rolling, PSC using a channel-die device is able to
determine flow stress behavior of a particular material under different hot working con-
ditions. Compression test was conducted with a closed-loop, servo-hydraulic ZWICK
test machine with 200 kN full load capacity. Displacement of the hydraulic actuator
was measured from the output of a linear variable differential transformer (LVDT).
PSC tests were carried out at elevated temperatures ranging from 200 ◦C to 400 ◦C, at
constant strain rates between 10−2 s−1 and 10−4 s−1. Boron nitride powder was used
as a lubricant for minimizing friction between sample and die surfaces. The sample
dimensions used for PSC tests were 14 mm (RD) × 10 mm (TD) × 6 mm (ND). The
sample dimensions used for uniaxial compression were 15 mm in height and 10 mm in
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diameter.
3.2.3 Tension
Tensile test was performed at room temperature under constant strain rate of 5 ×
10−4 s−1 in a screw-driven DZM machine built at the institute of metal physics IMM.
The tensile specimens were close to the standard geometry of ASTM E8 for tension
testing of metallic materials. The gauge dimensions of the flat tensile specimens were
25 mm in length and 2 mm in width. For each condition at least three samples were
tested. DIAdem data acquisition software was used to analyze the results.
3.3 Sample preparation
3.3.1 Specimen preparation for XRD texture measurement
The penetration depth of X-ray was in the range of 10-100 µm [136], which was
much larger than that of light (optical microscope) or electron beam (1 µm, EBSD).
As a result, the requirement of surface quality for X-ray texture measurement is rel-
atively low. Flat and smooth surface even with small quantity of minor scratches is
acceptable. Sample dimensions for X-ray texture measurements are 24 mm × 14 mm
× 2 mm which offer a large sample area and thus, a good statistic.
The specimen surface was firstly ground with 1200 and 2400 grit SiC-paper using
water as coolant. In the next step, 4000 grit SiC-paper was used but the coolant was
changed into ethanol in order to prevent oxidation of the surface. After each grit of
grinding, the specimen was cleaned in ethanol with ultrasonic bath in order to remove
particles which might influence the effect of next grit grinding. The specimen prepara-
tion was finished with mechanical polishing, using diamond paste with 3 µm particles
and alcohol based lubricant, by which most of the scratches produced earlier during
grinding were removed.
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3.3.2 Specimen preparation for microstructure and orienta-
tion measurements
The quality of optical micrograph was extremely sensitive to the surface quality.
Even if slight fluctuation of the flatness or tiny scratches could greatly affect the route
of reflection light (especially in case of high magnification), and therefore, lower the
quality of results. Furthermore, roughness and scratches could even affect the subse-
quent chemical etching process, which was crucial for the quality control. As a result,
more efforts were required to prepare specimens for OM than that for X-ray texture
measurement.
The grinding process was the same as which had been described above for speci-
men preparation for X-ray texture measurement. However, more steps were exerted in
the process of mechanical polishing. The ground surface was sequential polished with
diamond paste with particle sizes of 3 µm, 1 µm and 0.25 µm, using alcohol based
lubricant. During the interval of two steps, the specimen was cleaned in ethanol with
ultrasonic bath and then dried with compressed cold air. For the sake of removal of the
deformation layer caused by preparation, electropolishing was used to improve quality
of specimen. The electropolishing process is carried out at a constant voltage of 2 V
for 30 minutes at room temperature. The polished specimen and stainless steel plates
are anode and cathode respectively. The electrolyte is composed of 125 ml ethanol
(C2H5OH) and 75 ml orthophosphoric acid (H3PO4) aqueous solution. After successful
electropolishing the entire surface of the specimen should look like mirror surface with
high quality.
The specimen preparation for examination with orientation imaging microscopy
(OIM) is very difficult due to low density and soft characteristic of Mg, and the
Kikuchi diffraction patterns are not sharp enough. Therefore, a high surface quality
after final polishing is crucial. The EBSD measurement was based on the diffraction
phenomenon of backscatter electron beam. As mentioned before, the interaction be-
tween electron beam and specimen was confined to a very thin layer 20-50 µm. As a
result, the measurement of result was also very sensitive to the surface quality. The
surface preparation method for EBSD measurement was the same as that for OM but
without etching procedure.
The specimen for TEM observation has to be required thin enough so that it al-
lows electron transmission through it. Disks of Φ3 mm were punched from materials
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and mechanically ground to 120 µm thickness. Afterwards, it was thinned by jet-
electropolishing using an electrolyte of 5 vol.% perchloric acid in ethanol at −17 ◦C
with an applied voltage of 60V. After electropolishing, the specimens were rinsed in
ethanol.
3.4 Characterization
3.4.1 Microstructure
For microstructure analysis, chemical etching was performed in order to visualize
grain boundaries. Due to the disorder of atomic arrangement, grain boundary was
more susceptible to corrosion than matrix. The extent of corrosion gave rise to differ-
ent optical characteristics between grain boundaries and matrix. The specimens were
etched with a solution of 4.2 g picric acid, 10 ml acetic acid, 70 ml ethanol and 10 ml
distill water until the change of color on the specimen surface (typical time from 5 to
10 seconds). When covered with a brown layer, the specimen was taken out rapidly
and rinsed immediately with ethanol and finally dried with compressed cold air. Op-
tical microscopy was performed on the etched samples using a Carl Zeiss microscope
equipped with a digital camera (Aquinto a4i software) and the grain size analysis was
calculated by line-intercept method using Image Pro software. The transmission elec-
tron microscope (TEM) used for the presented observations was a JEOL 2010F with
a LaB6 cathode operated at an acceleration voltage of 200 kV.
3.4.2 Macro and Microtextures
Texture measurement techniques will be illustrated in details in this section. Tex-
ture is the distribution of crystallographic orientations of a given polycrystalline sample
[136]. A sample in which these orientations are fully random is regarded to have “no
texture”. If the crystallographic orientations are not random, but have some preferred
orientation, then the sample has a weak, moderate or strong texture. The degree is
dependent on the percentage of crystals having the preferred orientation. For macro-
texture techniques, the primary output is statistical intensity diffracted data from a
large volume of a sample. For microtexture techniques, the primary output is a diffrac-
tion pattern from a small sample volume.
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3.4.2.1 Macrotexture measurement by X-ray diffraction
Macrotexture represents the volume fraction of a specific family of crystallographic
planes with respect to a specimen coordinate system. The axes of a sample coordinate
system are usually designated according to most important directions: rolling direction
(RD) or extrusion direction (ED), normal direction (ND) and transverse direction
(TD). The principle of macrotexture measurement by means of diffraction techniques
is theoretically based on Bragg’s law (Eq 3.1). As each set of lattice planes has a
different lattice spacing d, the reflections from various sets of lattice planes can be
distinguished by setting the detector to the corresponding angle 2θ with respect to the
direction of the incident radiation.
2dhkil sin θ = nλ (3.1)
Where λ: wavelength of X-ray; n: diffracting order; θ: angle between incidence
and reflection; dhkil: spacing of reflecting planes (Eq 3.2 for hexagonal symmetry).
dhkil =
a√√√√4
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(h2 + k2 + hk) +
l2
(
c
a
)2
(3.2)
Where a and c: lattice parameters; {hkil}: Miller-Bravais indices of reflecting
planes. To derive the crystallographic orientation of a given crystallite, the arrange-
ment of planes with respect to an external specimen reference frame has to be deter-
mined. A simplified scheme of macrotexture measurement using X-ray diffraction is
shown in Figure 3.2.
Before texture measurement, θ-scan was carried out for each alloy. The peak pre-
sented in the diffractogram indicates the position i.e. θ value, where diffraction for
a particular plane family can occur. The experimental values of θ for each alloy are
shown in Table 3.1. With the θ values from θ-scan, the crystallographic texture was
measured by X-ray diffraction in a Bruker D8 goniometer system using the standard
back-reflection mode. The X-ray radiation used was Co Kα(λ=0.179 nm). Correc-
tions for peak defocusing and background intensities were made using experimentally
determined defocusing curves established on random powder samples (Figure 3.3). In
order to determine an unknown crystal orientation in practical applications, the sam-
ple is systematically rotated in a texture goniometer about well-defined angles in such
a way that all possible lattice planes are successively brought into the reflection con-
dition and the reflected intensities are recorded as a function of these rotation angles.
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Figure 3.2: Schematic graph showing the principle of texture measurement with X-ray
diffraction.
Table 3.1: Theoretical and experimental θ-values for investigated magnesium materi-
als.
{hkil} {101¯0} (0002) {101¯1} {101¯2} {112¯0} {101¯3}
θ-theoretical 18.78 20.09 21.40 28.09 33.90 37.42
θ-powder 18.88 20.19 21.51 28.21 34.09 37.58
θ-ME20 18.86 20.17 21.47 28.16 33.98 37.50
θ-ZEK100 18.86 20.15 21.46 28.14 33.99 37.49
The measured incomplete pole figures were obtained from the {101¯0}, (0002), {101¯1},
{101¯2}, {112¯0} and {101¯3} Bragg peaks. The data were then analyzed using the
MTEX 3.2 tool box software to calculate the orientation distribution functions (ODF)
and complete pole figures. The 6 incomplete pole figures are first translated into a
reduced ODF, which is then calculated into a complete ODF. With the complete ODF,
the incomplete pole figures are recalculated into complete pole figures [137]. In this
study, the measured macrotextures are presented in terms of recalculated (0002) and
{101¯0}-pole figures, and inverse pole figures.
3.4.2.2 Microtexture measurement by EBSD
Electron back scatter diffraction (EBSD) is a microstructural-crystallographic tech-
nique used to examine the crystallographic orientation of many materials, which can
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Figure 3.3: Correction data (a) defocusing correction; (b) background correction.
be used to elucidate microtexture or preferred orientation. In this study, EBSD mea-
surement was carried out on a LEO 1530 high resolution field emission gun scanning
electron microscope (FEG-SEM) equipped with a HKL channel 5 system. An accel-
eration voltage of 20kV, together with a working distance of 10 mm and a sample tilt
angle of 70 ◦ were executed.
Figure 3.4: Schematic illustration origin of Kikuchi lines from the EBSD measurement [136].
The principle of EBSD measurement is shown in Figure 3.4. The measurement is
also theoretically based on Bragg’s law. When an electron beam enters a crystalline
solid, it experiences inelastic scattering in all directions. This means that there must
always be some electrons arriving at the Bragg ange θ at some set of lattice planes, and
these electrons can undergo elastic scattering to give a strong, reinforced beam. Since
the electrons are scattered in any directions, the diffraction radiation for one particular
plane family is in the shape of a cone surface. Moreover, two cones will always occur
together, because both parallel planes on different sides of the scattered electrons con-
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tribute to the reflection and diffraction. Besides, the wavelength of electrons is much
larger than that of X-ray, therefore, the Bragg angles (< 1 ◦) are much smaller than
that in case of X-ray diffraction. The intersections between the two diffraction cones
and the phosphor screen are two nearly straight lines, which are so called Kikuchi
lines. Due to the random scattering of electrons, diffraction can occur on any family
of planes. As a result, series of bands arrange in a specific order on the screen and
form a Kikuchi pattern. The Kikuchi pattern is linked directly to the arrangement
of lattice planes in the crystal. With the help of the aquisition software “Flamenco”,
orientation of the crystal can be exactly determined. Apart from orientation, some
other information (e.g. grain/phase boundaries, twin boundaries, misorientation dis-
tribution) can also be acquired from the results of EBSD measurements.
Chapter 4
Room Temperature Deformation
Behavior : Cold Rolling
In recent years there has been a renewed interest in Mg sheet, especially in auto-
motive applications where considerable weight savings can be realized by substituting
magnesium for aluminium or steel components. Mg and it’s alloys show poor formabil-
ity at room temperature since basal texture liable to form during conventional rolling
and the associated lack of sufficient independent slip systems. The most Mg alloy
for sheet forming must be rolled at elevated temperatures to avoid cracking, however,
which adds considerably to the cost of Mg sheet products and prevents from large
scale industrial application. Crystallographic textures are inevitably produced in the
processing of magnesium sheets, which significantly influence the mechanical proper-
ties and formability of rolled sheet. It is of importance to study the texture evolution
during deformation and control the texture development from a scientific point view.
This chapter addresses the crystallographic texture and microstructure introduced by
cold rolling in the presence of Mg–RE second phase particles, and annealing texture
developed during subsequent static annealing. The kinetics of recrystallization was
also investigated in this study.
4.1 Experimental procedures
In this work, ME20 rolled specimens were annealed at 400 ◦C for 30 min before
cold rolling. The purpose of the annealing treatment was to remove deformation twin-
ning and residual stress of material so as to obtain a homogeneous initial structure
condition. The initial dimensions of the rolling specimens in this experiment were 50
mm × 30 mm × 4 mm. Reductions of 15, 24, 33 and 40 % in thickness were achieved
by multipass rolling at room temperature without lubricant. The specimens were cold
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rolled in the fixed rolling direction, without turning the samples end to end or up-side
down between rolling passes. In order to maintain a homogeneous strain distribution,
the thickness reduction per pass was limited to 5 %.
Annealing treatment followed right after cold rolling to investigate the recrystal-
lization behavior of this alloy. Annealing heat treatment was undertaken at a heating
rate of 0.2 ◦C·s−1, followed by immediate water quenching. Low temperature annealing
was performed in a sand bath at 250 ◦C at a lower heating rate. High temperature
annealing was done in a pre-heated air circulation furnace at 400 ◦C. At the higher
temperature it was expected that only the most rapidly nucleating volumes would
contribute to the final texture, while at the lower temperature there should be more
time for less favored volumes to contribute to the final texture.
Since grain boundaries in recrystallized specimens were insufficiently clearly re-
vealed for precise determination of the proportion of recrystallized volume (fine grains)
rather than conventional metallography counting method. We selected a study of
softening extent as the most reliable method for calculation the volume fraction of
recrystallization through hardness tests. The proportion of recrystallized volume Xs
was determined by means of the following relationship:
Xs =
H0 −H
H0 −Hrec (4.1)
Where H0 is alloy original hardness in the cold rolled conditions; H is hardness
after annealing under given condition; Hrec is hardness in the completely recrystallized
condition.
4.2 Initial conditions
The material investigated for cold rolling was commercial ME20 rolled plate (thick-
ness = 18 mm) provided by the Northeast Light Alloy Company. The chemical com-
position (wt. %) of the ME20 Mg alloy is given in Table 4.1. The starting textures
of the as received ME20 alloy are presented in Figure 4.1. It showsweak sheet basal
texture (basal pole tilted to RD about 5 ∼ 10 ◦) with texture intensity of 3 multiples
of random distribution (MRD). This is related to the prehistory of rolling processing.
The {101¯0} pole figure exhibited a fiber texture component with alignment preference
to RD. The {112¯0} pole figure revealed a fiber texture and tilted towards TD.
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Table 4.1: The chemical composition of ME20 Mg alloy (wt. %)
Alloy Mn Ce Al Fe Si Zn Mg
ME20 2.0 0.3 0.03 0.01 0.01 0.03 Balance
Figure 4.1: Starting texture of the as received ME20 alloy represented by means of {0002},
{101¯0} and {112¯0} recalculated pole figures.
Figure 4.2: Optical micrographs of the ME20 alloy prior to cold rolling: as received after
annealing at 400 ◦C for (a) 0.5 h and (b) 24 h.
Figure 4.2 shows the initial microstructures of the as-rolled ME20 alloy after anneal-
ing at 400 ◦C for 0.5 and 24 h respectively. The microstructures comprised equiaxed
grains with average grain sizes of 10 µm and 35 µm corresponding to annealing for
0.5 h and 24 h. After 0.5 h annealing, the microstructure is composed of fully recrys-
tallized grains without any traces of twinning. It should be noted that there is no
obvious evidence of abnormal grain growth taking place despite long time annealing
of 400 ◦C. The grain boundar motion sound to be impeded by the homogeneously
distributed second phase particles. Figure 4.3 shows the most prominent second phase
particles observed in the initial ME20 rolled plate. The second phase particles contain-
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Figure 4.3: (a) SEM and (b) STEM images showing second phase particles of the as received
ME20 alloy; (c) HRTEM and (d) magnified inverse fast Fourier transform (IFFT) images.
ing Mg and Ce with a stoichiometry of Mg12Ce were identified by energy dispersive
X-ray spectroscopy (EDS) in the form of rod and plate morphology (Figure 4.3a). The
Mg12Ce particles were homogeneously distributed throughout the matrix with a size of
1-4 µm. They appeared at the grain boundaries and within the grains with nanometer
size [135]. Additionally, very fine ellipsoidal particles (< 200 nm) were identified by
TEM-EDS as pure Mn in Figure 4.3b. The structure of the fine particles was fur-
ther investigated by HRTEM techniques, as shown in Figure 4.3c. It is clear that the
interface between the particles and matrix is semi-coherent. Mn addition is known
to improve the corrosion behavior of magnesium by forming intermetallic compounds
(e.g. Mn–Si), thus purifying the matrix from impurities. Such compounds were not
found in the investigated microstructures.
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4.3 Results
4.3.1 Texture evolution
Figure 4.4 shows the texture evolution during cold rolling of ME20 sheets with
different thickness reductions ranging from 15% to 40%. In general, most Mg alloys
present a basal type texture in which most of grains are oriented such that their {0002}
basal planes are parallel to the sheet rolling surface. As a result, there is a strong ten-
dency to build a symmetrical splitting of the {0002} basal texture. However, the peak
intensity of basal poles is positioned quite inclined from the sheet ND towards the RD
forming an egg shape basal texture, i.e. ± 15 ◦ as a main feature of the cold rolling
texture as shown in Figure 4.4. The {101¯0} pole figures give evidence for an almost
perfect fiber texture except in case of 15% reduction specimen. The basal texture
intensity increases from the 4.1 → 5.6 MRD with increasing reductions.
Figure 4.4: Texture evolution of cold rolled samples varied with thickness reductions ranging
from 15% to 40%. Rolling direction is along north and transverse direction along east.
Contour level: 1, 1.5, 2, 3, 4, 5.
As can be seen from cold rolling textures, the intermediate texture strength at
24% thickness reduction was chosen for the annealing (relatively good rollability).
The {0002} and {101¯0} pole figures of ME20 cold rolled sheet with 24% thickness
reduction and annealed for 100 minutes as a function of annealing temperature were
shown in Figure 4.5. The textures of annealed ME20 cold rolled sheets with 24%
reductions at 250 ◦C and 300 ◦C are similar to the textures of the deformed state as
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Figure 4.5: {0002} and {101¯0} Pole figures of ME20 cold rolled sheet with 24% thickness
reduction and annealed for 100 minutes as a function of annealing temperature.
shown in Figure 4.4. The texture intensity slightly increased and exhibited scattering
trend. At higher temperatures of 350 ◦C and 400 ◦C, the textures of annealed sheets
resemble those of cold rolled samples but the basal contours in the annealed specimens
are tremendously scattered distribution (both in TD and RD). As an example it can
be seen that the contour in the {0002} pole figure of 400 ◦C annealing spreads in RD
from 20 ◦ to 50 ◦ and in TD from 10 ◦ to 30 ◦. The basal texture strength decreases
with increasing annealing temperature from 5.6→ 2.7 MRD. The c-axis is rotated far
from ND, which is reflected on the {101¯0} plane with deviated RD about 30 ◦.
The textures of ME20 sheet after cold rolled with 24% thickness reduction and
annealed at 400 ◦C as a function of annealing time were presented in Figure 4.6. In
contrast with cold rolled textures revealed in Figure 4.4, 10 minutes annealing, the
double peak basal type textures were remained after the heat treatment. The peak
intensity of basal pole declines from 4.3→ 3.6 MRD. The {101¯0} poles were aligned to
TD with broad distribution rather than initial fiber texture. After 15 minutes anneal-
ing or more, the off-basal texture was obtained. The c-axis exhibited asymmetrical
distribution in basal pole figures, which strikingly reflected in the {101¯0} pole figures.
The basal texture intensity decreases with increasing annealing time from 4.3 → 2.7
MRD.
Figure 4.7 presents the texture evolution of cold rolled samples after annealing at
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Figure 4.6: {0002} and {101¯0} Pole figures of ME20 cold rolled sheet with 24% thickness
reduction and annealed at 400 ◦C as a function of annealing time.
400 ◦C for 15 and 100 minutes respectively as a function of thickness reduction. After
15 minutes annealing, the texture becomes very weak regardless of thickness reduc-
tion. The c-axis of basal pole exhibits different deviated range except for specimens
with 15% reduction (Figure 4.7a). This is caused by the high inhomogeneity from the
high thickness reductions. At 400 ◦C annealed for 100 minutes, the texture intensity
is weaker than short time annealing 15 minutes. Besides, the texture feature is very
similar with samples in 15 minutes short time annealing. The spread amplitude of
basal pole in 100 minutes annealing is larger than 15 minutes short time annealing.
4.3.2 Microstructure development
The macrostructures of ME20 sheet after cold rolling are shown in Figure 4.8. Af-
ter 15% reduction, the sheet was crack-free and without any shear bands observed
(not shown here). When reduction increased to 24%, the cold rolled sheet exhibits
two ends crack. At high reductions of 33% and 40%, the materials showed severe edge
cracking compared to low reductions. Through the thickness, cross compression bands
were clearly observed towards RD about ± 30 ◦. Edge cracking is usually attributed
to a form of directionality termed compression banding, which is a result of twinning
in rolled Mg sheet that has undergone compression [63]. Compression bands usually
appear to be responsible for edge cracking in finish rolling of AZ31 alloy sheet. Basal
planes become oriented parallel to the band plane and, hence, compression bands be-
come favorable sites for basal slip to occur, leading to eventual cracking [135].
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Figure 4.7: {0002}-Pole figures of cold rolled samples after annealing at 400 ◦C for (a) 15
minutes and (b) 100 minutes.
Figure 4.8: Top view of cold rolled samples with reduction of (a) 24%, (b) 33% and (c) 40%.
The microstructures of the alloys in the cold rolled conditions are shown in Figure
4.9. At low reduction 15%, the rolled sheet reveals a homogeneous microstructure con-
sisting of equiaxed grains only several lamellar twinning observed. At the intermediate
reduction of 24%, the grain boundary becomes indistinct and coexists with new refined
grains. At the high reductions 33% and 40%, there are existing tangle regions along
grain boundaries, which indicate a poor degree of lattice perfection. These areas cor-
respond to grain boundaries, second phase particles and regions of higher dislocation
density due, for example, to flow localization or void formation. In addition, between
two strip of flow tangle regions, cracks were formed. In terms of grain size, there are
no big differences with respect to different reductions.
The microstructures of annealed samples are shown in Figure 4.10. All specimens
were nearly fully recrystallized following annealing at 400 ◦C. After 5 minutes anneal-
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Figure 4.9: Optical microstructures of cold rolled samples with reductions of (a) 15%, (b)
24%, (c) 33% and (d) 40%. Rolling direction is horizontal.
ing, the microstructure was composed of recrystallized grains and nucleis originated
from previous high dislocation density regions, as well as coarsed deformed grains.
Following 10 and 15 minutes annealing, it exhibits a recrystallized grain structure
comprising small equiaxed grains without obvious evidence of abnormal grain growth
or other grain size inhomogeneities, i.e. shear bands characteristic. In other words, the
nuclei start growing in a uniform manner (Figure 4.10c). The microstructure showed
equiaxed grains after 100 minutes annealing. The average grains size increased with
increasing annealing time from 5 to 15 µm.
The microstructures of annealed samples at 400 ◦C for 10 min with different reduc-
tions are shown in Figure 4.11. At 15% reduction, it exhibits a bimodal grain struc-
ture in the annealed condition coarse grains and newly formed recrystallized grains.
In constrast to 15% reduction, the grain size is obviously fine in 24% reduction after
annealing. The common feature at the high reductions of 33% and 40%, is that very
fine nuclei exhibit a band distribution between two interval of coarse grains originated
from bands structure. The average grain size decreased with increasing thickness re-
ductions from 25 to 3 µm.
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Figure 4.10: Optical microstructures of cold rolled samples with 24% reduction annealed at
400 ◦C for (a) 5 min, (b) 10 min, (c) 15 min and (d) 100 min.
4.4 Discussion
4.4.1 Recrystallization texture and mechanisms
It is well recognized that the mechanism of orientation change during recrystalliza-
tion in metals is the transformation of the deformation texture into a recrystallization
texture through the growth of recrystallized grains by the migration of high angle grain
boundaries at the expense of the deformed and recovered matrix. In addition, the ori-
entations of nuclei can play an important role in determining the final recrystallization
texture. It is well known that after recrystallization the deformation texture in Mg
relates to the corresponding recrystallization texture by a 30 ◦〈0001〉 rotation [84].
Figure 4.12 represents a basal pole density texture profiles comparison varied with
heat treatment schedules. The distinct feature is characterized by decreasing the
texture intensity from 6.5 to 3.1 MRD (Figure 4.12a). The tilt angular distribution
increases from 15 ◦ to 50 ◦ (250 ◦C→ 400 ◦C). Even only exposed in 5 minutes anneal-
ing at 400 ◦C, the texture intensity decreased rapidly. It indicates that the incubation
time is very short at 400 ◦C annealing. After 30 minutes and 100 minutes annealing,
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Figure 4.11: Optical microstructures of cold rolled samples annealed at 400 ◦C for 10 min
with reduction of (a) 15%, (b) 24%, (c) 33% and (d) 40%.
the recrystallization behaviors behave very similar with much broad tilt angular dis-
tribution compared to short time annealing (Figure 4.12b). At 400 ◦C for 10 minutes
annealing, the texture features are very similar and identical irrespective of thickness
reduction. When annealing time prolonged to 100 minutes, the high reductions of
33% and 40% have relative high texture intensity and low tilt angular distribution.
However, at low thickness reductions 15% and 24%, the lowest texture intensity 2.9
MRD and highest tilt angular distribution about 60 ◦ was obtained (Figure 4.12d).
At moderate temperatures of 250 ◦C and 300 ◦C annealing, it gives rise to higher
texture intensity in contrast with cold rolled state (Figure 4.5). It is well known that
neither all recrystallized grains nucleate as totally new grains. In some cases, recrys-
tallized grains grow from small regions, recovered subgrains or cell structures that are
already present in the deformed microstructure close to grain boundaries or inside the
grains [84]. The orientations of new grains were already present in the deformed state,
which was consistent with our observations of the deformation texture (Figure 4.9c).
It is usually reported that the transition from deformation to recrystallization texture
mainly takes place during the growth step in hexagonal materials [138]. This is es-
pecially the case for materials in which grain boundary migration is impeded by the
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Figure 4.12: Basal pole density profiles of the annealed sheets: (a) 24% reduction as a
function of annealing temperature for 100 minutes annealing, (b) 24% reduction annealed at
400 ◦C as a function of annealing time; annealed at 400 ◦C for (c) 10 minutes and (d) 100
minutes with respected to different thickness reductions.
presence of precipitates during the primary recrystallization [139]. On the contrary,
our study reveals that significant modifications of the texture, i.e. the decrease in the
texture intensity of basal pole, already take place during the very early nucleation
stages rather than subsequent grain growth.
In a previous study applicable to copper, the general texture evolution during re-
crystallization is strongly affected by nucleation mechanisms in the early incubation
stage [140]. Although, there is a vast difference in stacking fault energy between Cu
(78 mJ/m2) and Mg (125 mJ/m2). Two kinds of nucleation mechanisms were con-
firmed in both materials, intragranular and/or intergranular, depending on the site
at which the nuclei are formed. Analogous to copper, this would give rise to two
different competitive mechanisms for the nucleus formation, either by the coalescence
of small dislocation cell structures and the migration of high angle grain boundaries
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in the highly dislocation intensity zones (grain boundaries, twin boundaries and shear
bands) or by strain induced boundary migration (SIBM) mechanism within grains af-
ter a recovery step that allows the transformation of a complex dislocation structure
into a well-recovered subgrain. In order to verify these hypotheses, it is of importance
to get some more evidence through EBSD analysis.
Figure 4.13: EBSD-inverse pole figure maps of cold rolled ME20 specimens with 24% thick-
ness reduction annealed at 400 ◦C for (a) 5 min, (b) 10 min, (c) 30 min and (d) 100 min.
Figure 4.13 shows inverse pole figure maps of cold rolled specimens with 24% thick-
ness reduction annealed at 400 ◦C as a function of annealing time. After 5 minutes
annealing, nucleation starts at initial grain boundaries. If the grain boundary is sat-
urated, nucleation will also take place inside the initial grains. If annealing dwelling
time longer than 10 minutes, significant evolution of texture and microstructure is
observed. Both nucleus and strain free grains grow in the homogeneous way. The
average grain size is quite heterogeneous and depends on the local degree of previous
deformation. Some clusters of nucleus enriched in the high dislocation regions. When
annealing time prolonged to 100 minutes, coarsing is more visible than 30 minutes
annealing. The grain size distribution is still heterogeneous state.
The deformed and recrystallized microtextures analysis was presented in Figure
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Figure 4.14: Deformed and recrystallized microtextures of cold rolled specimens with 24%
thickness reduction annealed at 400 ◦C for (a) 5 min and (b) 10 min.
4.14. It can be seen that the deformed grains exhibit higher texture intensity than
recrystallized grains. The texture weakening is attributed to newly oriented nuclei
rather than growth grains. In case of a strong basal type texture, which develops
favorably as a result of basal slip and twinning independent of initial orientations, it
is impossible to cause a texture modification after recrystallization in the (0002) pole
figure owing to the 6 fold rotation symmetry in the basal plane. The energy of a
nucleus in highly deformed grains consists of two parts: the surface energy and the
volume energy. Then, the size of a critical nucleus (rc) to viability is given by the
following equation:
rc = 2γb/Ev (4.2)
Where γb is the boundary energy per unit surface and Ev the strain energy differ-
ence between the two sides of the boundary. Thus, the boundary energy has to be
ideally as low as possible, simultaneously, its mobility has to be as high as possible,
which is reasonable for high angle grain boundaries.
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The energy of high angle grain boundaries would be minimum for a specific coinci-
dence site lattice (CSL) relationship [84]. The CSL misorientations are characterized
by the parameter
∑
, which is equal to the ratio of the CSL and crystal unit cell
volumes. In comparison with cubic materials, hexagonal closed packed lattice has the
smallest value of
∑
7, in contrast to 3 in cubic materials. In the case of magnesium,
among all the CSL boundaries, the
∑
13a boundaries (which correspond to a rotation
of 27.8 deg around a 〈0001〉 axis or 85.59 deg around a 〈112¯0〉 axis ) and∑ 15b bound-
aries (which correspond to a rotation of 86.18 deg around a 〈112¯0〉 axis) do satisfy both
aforementioned conditions (low energy and high mobility). In the recrystallization of
single crystals of zinc and cadmium, it was also observed that these
∑
13a bound-
aries have the high mobility [141]. For instance, in present study, we examine the
misorientation distributions profile with different thickness reduction (Figure 4.15). It
can be seen that a strong maximum exists for the axes close to [0001] and a much
weaker maximum corresponds to the 〈112¯0〉 axis. The 30 deg misorientation peak can
be associated with the
∑
13a and partially
∑
15b boundaries (with the [0001] and
〈112¯0〉 axis). This is in a good agreement with previous reports in magensium, i.e. a
maximum frequency of the boundaries about 30 deg [55, 142]. It is worth noting that
the volume fraction of high angle grain boundaries in high reduction ratio is larger
than low reduction. This is probably due to the fact that high reduction have the
high strain energy and results a higher driving force for recrystallization. However, it
is hard to conclude that some specific CSL boundaries, reinforced or weaken during
primary recrystallization.
4.4.2 Recrystallization kinetics
It has been established that recrystallization temperature has a considerable effect
on the onset of recrystallization and its kinetics. The dependence of recrystallization
kinetics on temperature is described by means of a Johnson-Mehl-Avrami-Kolmogorov
model [84], where the recrystallization rate b in relation to temperature can be deter-
mined by the following relationship:
b = 1/t0.5 = b0 exp(− Q
RT
) (4.3)
where b0 is a constant; Q is recrystallization activation energy.
Experimental recrystallization kinetics curves are present in Figure 4.16, plotted
by determing the volume fraction of recrystallization. Typical Avrami-type recrystal-
lization kinetics are obtained. Generally it is observed that, softening effect is very
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Figure 4.15: Misorientation angle distributions of deformed grains and recrystallized grains
of cold rolled specimens with 24% and 40% thickness reduction annealed at 400 ◦C for 10
min.
strong and recrystallization rate is higher at elevated temperatures. A relatively slug-
gish recrystallization behavior was clearly observed at a later stage of annealing, and
was particularly pronounced at 250 ◦C. A recrystallized volume fraction of 50% was
reached at 250 ◦C after 3 h annealing, but it took more than 15 h to obtain (almost)
complete recrystallization. The exponent n in Eq 2.5 can be derived from the slope of
Avrami plots, i.e. lnln[(1/(1-Xrex)] vs ln t (Figure 4.16b). As can be seen, the Avrami
plots in Figure 4.16b exhibited roughly linear relationship, and the obtained values of
n vary between 0.80 at 250 ◦C and 2.35 at 400 ◦C.
Recrystallization in many cold-worked materials does not yield linear JMAK be-
havior, and, in many cases, the corresponding exponent (n) fall lower than predicted.
In many experimental studies, however, low values of the exponent have been found
without convincing evidence for growth in less than three dimensions. This problem
was reviewed by Rollett et al. [143], who pointed out that the discrepancy may be
caused by nonrandom distributions of the recrystallized nuclei or by a tendency of
the growth rate to decrease as recrystallization proceeds. Both of these effects can
be expected to arise as a result of stored energy in the cold-worked matrix, due, for
example, to the effects of grain orientation on dislocation density. It is known that
about 10% deformation energy is stored in the material mainly in the form of dislo-
cations, which can cause recovery and recrystallization by dislocation climbing and
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Figure 4.16: (a) Recrystallization kinetics for ME20 cold rolled at 24% reduction. Points are
experimental data at the temperature indicated; solid lines are theoretical approximations.
(b) Avrami plots of the kinetic function lnln[(1/(1-Xrex)] vs. time.
gliding. The larger deformation strain would give rise to much more strain energy.
Therefore, recrystallization takes place easier and Avrami exponent turns lower for
severely deformed material.
As expected, the temperature dependence of the recrystallization time (Figure
4.16b) follows an Arrhenius-type relation. All data was selected when 95% recrystal-
lization took place at the relevant temperature and the data were plotted. From the
slope of the fitted line (13.2), the calculated activation energy is:
QR = 13.2× 8.314× 1000 = 110 KJ/mol (4.4)
The activation energy is much lower than that for lattice self-diffusion in pure Mg
(135 kJ/mol) [50] or higher than that for grain boundary diffusion in pure Mg (92
kJ/mol). The abnormally low Q value measured in the low temperature range is at-
tributed to the unrecrystallized microstructure with non-equilibrium grain boundaries
containing a large number of extrinsic dislocations. This is because the non-equilibrium
grain boundaries induced by severe plastic straining may exhibit higher atomic mobil-
ity compared to the equilibrium grain boundaries. Therefore, we surmise that recovery
in investigated alloy is controlled by grain-boundary diffusion.
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4.5 Conclusions
The microstructure and texture of ME20 alloy was investigated following cold
rolling at different reductions and subsequent isothermal annealing for different an-
nealing times. The main results of this study are outlined as follows:
1. A typical strong basal type texture develops in the cold rolling to different reduc-
tions along the original RD. The peak intensity of basal pole figures increases
with increasing total thickness reduction. The texture strength of basal pole
during heat treatment decreases with increasing annealing temperature. After
400 ◦C for 5 min annealing, the texture became very weak compared to the cold
rolled state. When annealing time prolonged to 100 min, a nearly random of
texture was obtained.
2. At low reductions, the sheet is crack-free and without any shear bands. Shear
bands and twins are observed in rolled structure only at high reductions. After
static recrystallization, the average grain size significantly reduced from 10 to 2
µm. In addition, when the annealing time extended to 100 min no obvious grain
growth occur, which is suggested that the second phase particles impedes grain
growth.
3. At all stages of recrystallization, the proportion of high angle grain boundaries,
including Σ13 and Σ15 boundaries is always large. This is because the coexisting
of recrystallization and deformation orientations within both the deformation
and recrystallization textures.
4. The static recrystallization kinetics of as rolled ME20 Mg alloy can be well
described by JMAK model in the moderate temperature range of 250 ◦C-400 ◦C.
The activation energy for fully recrystallization of 24% cold rolled ME20 Mg
alloy was estimated to be 110 kJ/mol.
Chapter 5
Elevated Temperature Deformation
Behavior : Hot Rolling
Several methods have been developed for grain refinement in Mg alloys and they
can be realized by means of cold or warm rolling plus heat treatment involving recrys-
tallization. Additionally, severe plastic deformation processes, such as high pressure
torsion and equal channel angular extrusion can be used. Among these methods,
rolling is the only method that can be utilized to fabricate large sheets or plates for
application in transportation sector industry. In order to obtain a good formability
of a sheet or plate the microstructure and texture derived from the rolling process
is extremely important. This chapter will describe several different rolling methods
that were used for controlling microstructure, more specifically the grain size and tex-
tures development. Rolling deformation behavior will be investigated using a series
of different rolling schedule influenced by rolling path, reductions per rolling pass and
initial orientation. In addition, these investigations will allow us to understand the
correlation between the deformation mechanisms and texture evolution. The first ap-
proach was based on changing the strain path several times during the rolling process
and examine its effect on the final texture development and mechanical properties,
whereas the second approach explored the possibility of applying non-basal starting
orientations prior to rolling and not ending up with a strong basal orientation after
significant thickness reduction. Finally, accumulative roll bonding was explored to
refine the grain size and achieve high strength.
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5.1 Cross rolling
During most metal forming processes the material usually undergoes a complex
strain history. In the relatively simple process of flat rolling, the material near the
surface is subjected to significant shearing due to the interaction of the metal with
the rolls, which is superimposed on a plane strain compression (PSC) mode in the
center of the sheet. Changing the strain path during rolling has major effects on the
deformation texture and microstructure of the sheet.
5.1.1 Experimental procedure
Figure 5.1: Schematic diagram of rolling routes in both rolling modes; unidirectional rolling
(UR) and cross rolling (CR).
The material investigated was hot rolled Mg alloy ME20 plate. Rolling samples
with dimensions of 60 mm × 40 mm × 4 mm (unidirectional rolling) and 40 mm ×
40 mm × 4 mm (cross rolling) were wire cut out of the as-received ME20 Mg sheet.
The received material was subjected to solution heat treatment at 400 ◦C for 30 min
in order to obtain a homogeneous microstructure and remove residual stresses prior
to UR and CR experiments. The rolling experiments were conducted at a nominal
rolling temperature of 400 ◦C using a laboratory rolling mill. A schematic diagram of
the applied rolling routes is presented in Figure 5.1. After each rolling pass the rolled
specimens were returned to the furnace and reheated for 5 min to regain the rolling
temperature. After the final pass the specimens were rapidly quenched in water. The
rolling schedule is listed in Table 5.1. Details on the roll gap geometry l/d can be
found in [144]. The range 0.5 < l/d < 5 is referred to as homogeneous rolling [145].
As shown in Table 5.1 the reductions per pass (r.p.p) investigated ranged from 10% to
40% of the actual thickness. The final total thickness reduction was 90%. It is noted
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Table 5.1: Hot rolling schedule and roll gap geometry for the first (l/d)0 and last
(l/d)90 rolling pass used for unidirectional rolling and cross rolling.
Rolling series r.p.p (%) Passes till total
90% reduction
(l/d)0 (l/d)90
1 10 20 1.86 5.30
2 20 10 2.34 5.82
3 30 6 3.19 10.00
4 40 4 4.42 9.51
that with a decreasing plate thickness some rolling passes were conducted at l/d > 5,
particularly in case of 30% and 40% r.p.p.
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Figure 5.2: Basal pole intensity distribution at the sheet surface and center during unidi-
rectional and cross rolling of ME20 specimens at 400 ◦C using different thickness reductions
per rolling pass up to a total thickness reduction of 90%.
5.1.2 Rolling texture evolution
Figure 5.2 shows a comparison of the basal pole intensity as a function of thickness
reduction per rolling pass (r.p.p) for CR and UR modes. It is evident that a texture
gradient exists between the sheets surface and middle plane. Compared to typical uni-
directional rolling, cross rolling exhibited lower texture intensity for all investigated
reductions per pass. Rolling at 20% r.p.p resulted in the weakest sheet texture for both
rolling modes (Figure 5.2). Lower and higher reductions per pass gave rise to stronger
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texture intensities. Figure 5.3 exhibits the texture evolution (mid-surface) upon UR
and CR at different r.p.p up to a total thickness reduction of 90%. The basal pole
figures show that all specimens exhibited an asymmetric double-peak basal texture
(asymmetric distribution of basal pole around ND). The basal poles were inclined to-
ward the rolling direction in all the UR specimens. By contrast, the CR textures did
not show a preferred inclination of basal poles in either sheet direction; RD or TD
(except for the case of 40% r.p.p). This is attributed to changing the strain path
during rolling, which does not allow basal poles to accumulate in one direction. The
intensity of prismatic poles remained very low (below 2 MRD) in all specimens.
Figure 5.3: Macrotexture evolution during unidirectional rolling (UR) and cross rolling (CR)
of ME20 specimens at 400 ◦C using different thickness reductions per rolling pass up to a
total thickness reduction of 90%. The measured area was the mid-section layer of rolled
sheets.
5.1.3 Microstructure development and rollability
In terms of grain size development (upon 90% total reduction), it is evident that
cross rolled specimens show finer microstructures than those of unidirectionally rolled
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specimens (Figure 5.4a and c). Irrespective of the rolling mode, increasing the strain
per pass caused grain refinement, which was most evident upon unidirectional rolling
at 40% r.p.p (d ∼ 2 µm). This affected the formation of deformation twins, which
were significantly less in 40% r.p.p specimens compared to 20% r.p.p specimens (Fig-
ure 5.4a-d). In addition, grain boundaries and equiaxed microstructure were still easily
recognizable during rolling at 20% r.p.p (Figure 5.4a and c), which indicates uniform
deformation using that amount of strain in each pass. Conversely, with 40% r.p.p it
was difficult to distinguish grain boundaries or individual grains, since the microstruc-
ture comprised shear bands inclined at 30 ◦ to the RD (Figure 5.4d). Shear bands are
common features in highly rolled Mg alloys [130, 146]. In conventional Mg alloys they
cause splitting of basal poles about TD. In RE-containing Mg alloys shear bands are
suggested as mechanisms of texture modification during nucleation of RX. Mackenzie
and Pekguleryuz [147] and Stanford [9] reported that recrystallization nuclei within
shear bands may possess a relatively broad spectrum of orientation distribution or
form new RE texture component. The new RE texture component was attributed by
the higher propensity for nucleation at shear bands in the RE-containing alloys.
Figure 5.4: Microstructures of the 90% rolled ME20 specimens at 400 ◦C using different
reductions per pass (r.p.p). (a) CR 20% r.p.p, (b) CR 40% r.p.p, (c) UR 20% r.p.p and (d)
UR 40%r.p.p.
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With respect to rollability and surface quality, cross rolling yielded better results
than unidirectional rolling. This was particularly evident at high reductions per pass,
i.e. 40% r.p.p (Figure 5.5, right column), at which the unidirectionally rolled spec-
imen underwent significant surface cracking. By contrast, the cross rolled specimen
revealed a good sheet surface with insignificant side cracking. At low reductions per
pass (20%) both rolling modes exhibited excellent surface quality without noticeable
cracking (Figure 5.5, left column).
Figure 5.5: Top view of the 90% reduction hot rolled ME20 specimens at 400 ◦C. (a) UR
20% r.p.p, (b) UR 40% r.p.p, (c) CR 20% r.p.p and (d) CR 40% r.p.p.
5.1.4 RX annealing and subsequent room temperature ten-
sion
Annealing heat treatment was carried out to investigate the microstructure de-
velopment during static recrystallization (SRX) of the hot-rolled samples. Figure 5.6
shows the microstructures of as rolled ME20 specimens upon annealing at 300 ◦C for
1 h. It is evident that after annealing the rolling microstructure was completely re-
crystallized. The highly deformed microstructure comprising deformation twins and
shear bands were replaced by a fine grained microstructure (d < 10 µm). With re-
gard to rolling mode, the cross-rolled material depicted a much finer grain size after
annealing compared with the conventionally rolled specimens. The effect of r.p.p on
5.1 Cross rolling 85
the recrystallized grain size was present but the difference in the average grain size
corresponding to 10% and 40% r.p.p after annealing was not significant. The finest
grain size of approx. 1-2 µm was achieved upon annealing of cross-rolled specimens
at 40% r.p.p. However, the microstructure revealed a bimodal grain size distribution
(Figure 5.6d). Such grain refinement of the rolling microstructure was not reported for
AZ31 [144]. It is therefore, suggested that in addition to shear bands (40% r.p.p) and
twins (10% r.p.p) other nucleation sites of SRX ought to exist. The presence of second
phase particles, particularly the coarse ones with a particle size larger than 1 µm can
facilitate nucleation of recrystallization. Hence, it is suggested that particle stimulated
nucleation (PSN) plays a role in the grain refinement observed after annealing of the
ME20 rolled material.
Figure 5.6: Annealing microstructures (300 ◦C/1 h) of the hot rolled ME20 specimens. (a)
CR 20% r.p.p, (b) UR 20% r.p.p, (c) CR 40% r.p.p and (d) UR 40% r.p.p.
The textures of rolled specimens after annealing and room temperature tension
along the rolling direction are presented in Figure 5.7. The recrystallization textures
were somewhat different than the rolling textures in Figure 5.3 with lower intensities,
which is attributed to the formation of new grains with random orientations (PSN)
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or different orientations than the rolling basal orientation (shear band and twin nucle-
ation). The tension textures showed significant difference from the rolling and anneal-
ing textures. The basal poles showed a broader distribution to TD instead to RD, with
the texture intensities remaining virtually unchanged. Additionally, the prismatic pole
figure depicted a 30 ◦ 〈0001〉 rotation that is usually associated with RX, but in this
case of RT deformation such rotation is likely caused by double prismatic slip. Based
upon the texture characteristics prior to tension (weak intensities and broad distri-
bution of basal poles about ND) a combination of prismatic and pyramidal 〈a〉-slip
and {101¯1}-compression twins are suggested as main deformation contributors during
tension.
Figure 5.7: Annealing (300 ◦C/1 h) and tension textures (RT/5 × 10−4 s−1) of the hot rolled
ME20 specimens. Tension textures presented for tension along the rolling direction. Levels:
1, 1.4, 1.8, 2.4, 3, 4.
5.1.5 Mechanical properties and anisotropy
Typical true stress–true strain curves of rolled and annealed ME20 sheets during
tension at room temperature and 5 × 10−4 s−1 strain rate are shown in Figure 5.8 for
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20% r.p.p. The corresponding mechanical properties for both rolling modes are listed
in Table 5.2. With increasing reduction per pass the obtained elongation-to-fracture
decreased. Obviously, cross-rolling yielded better RT ductility demonstrated by much
higher maximum elongations compared to unidirectional rolling. Unidirectional rolling
exhibited yield anisotropy (with respect to sheet directions; RD, 45 ◦ and TD) typical
of conventional Mg alloys, e.g. AZ31 [130]. The highest yield strength was measured
along the TD and the lowest along the RD, whereas elongation was greater along the
RD than along the TD. The maximum UTS was obtained in UR 10% r.p.p along the
TD (291 MPa).
Figure 5.8: True stress–true strain curves of (a) cross and (b) unidirectionally rolled sheets
with 20% r.p.p tested in tension at room temperature in three different sheet direction (RD,
45 ◦, TD).
Cross rolling showed virtually no strength differential with respect to the three
investigated sheet directions. The yield strength was highest in the RD and slightly
decreased towards the TD (except for the case of CR 40% r.p.p). Noteworthy that
there was a large difference between the flow behavior in TD and 45 ◦ directions,
whereas the deformation behavior in the RD and 45 ◦ direction was practically the
same. The highest elongation-to-fracture (24.6%) was achieved in CR 20% r.p.p along
RD.
It is well known that the press formability of rolled sheet at room temperature
is strongly affected by the Lankford value (r-value). The r-values of the investigated
ME20 specimens were calculated using expression of Eq. 2.13. The planar anisotropy
(∆r) is commonly expressed as:
∆r =
rRD + rTD − 2r45
2
(5.1)
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Table 5.2: Tensile mechanical properties of rolled ME20 sheets (TYS, tensile yield
stress; UTS, ultimate tensile stress).
Alloy Orientation
TYS
(MPa)
UTS
(MPa)
Uniform
Elongation (%)
Elongation
(%)
UR 10%
r.p.p
RD 158 244 15.6 19.5
45 ◦ 197 269 11.8 17.6
TD 227 291 9.8 13.3
UR 20%
r.p.p
RD 153 235 14.5 21.3
45 ◦ 201 261 11.3 15.1
TD 232 283 10.7 14.0
UR 30%
r.p.p
RD 172 248 7.8 12.1
45 ◦ 181 227 7.9 11.8
TD 209 271 6.2 9.5
UR 40%
r.p.p
RD 158 244 15.6 19.5
45 ◦ 197 269 11.8 17.6
TD 227 291 9.8 13.3
CR 10%
r.p.p
RD 184 241 17.5 23.8
45 ◦ 172 238 15.3 22.6
TD 179 249 16.4 21.3
CR 20%
r.p.p
RD 161 266 17.7 24.6
45 ◦ 154 258 17.3 24.2
TD 157 243 15.5 20.1
CR 30%
r.p.p
RD 172 229 8.7 17.5
45 ◦ 164 232 10.8 16.2
TD 158 236 13.6 14.8
CR 40%
r.p.p
RD 165 234 10.3 14.4
45 ◦ 211 259 9.2 12.7
TD 224 271 8.3 11.8
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Rolled AZ31 sheets often show a high r-value of ∼ 3 and the r-value along different
directions varies greatly at room temperature, which strongly limits the stretching
capability [148]. In the current investigations, the calculated r-values of the ME20
sheets along different directions were considerably lower than r-values reported for
AZ31 (Table 5.3). In unidirectional rolling, the average r-values r¯ were greater than 1;
i.e. between 1.3 and 1.5. This is known to hinder sheet thinning during sheet forming.
On the contrary, upon cross rolling the average r-value for all investigated reductions
was close to 1, which promotes sheet thinning. Cross rolling also yielded lower ∆r
values than conventional unidirectional rolling, which is known to improve the earing
behavior during deep drawing.
Table 5.3: Planar and in-plane anisotropy of rolled sheets.
Alloy rRD r45 rTD r¯ ∆r
UR 10% r.p.p 1.2 1.4 1.3 1.33 -0.15
UR 20% r.p.p 1.3 1.2 1.5 1.3 -0.25
UR 30% r.p.p 1.2 1.4 1.1 1.28 -0.25
UR 40% r.p.p 1.5 1.7 1.85 1.53 -0.35
CR 10% r.p.p 1.0 1.1 0.9 1.03 -0.15
CR 20% r.p.p 0.9 1.0 0.9 0.95 -0.10
CR 30% r.p.p 0.9 1.3 1.1 1.1 -0.20
CR 40% r.p.p 1.2 1.3 1.2 1.38 0.15
5.1.6 Discussion
Specimens processed by cross rolling revealed a finer microstructure and a weaker
rolling texture with broader distribution of basal poles about ND. According to the
Hall-Petch relationship [149]:
σy = σ0 + ky·d− 12 (5.2)
where σ0 is the friction stress and ky is a positive constant of yielding associated
with the stress required to extend dislocation activity into adjacent undeformed grains,
the cross-rolled microstructure should exhibit a higher yield strength relative to the
microstructure resulting from unidirectional rolling. However, Figure 5.8 and Table 5.2
indicated an opposite behavior, where the coarser microstructure exhibited a higher
yield stress. This is probably related to the weaker CR textures with a broad basal
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pole scatter from ND. Such textures are commonly easier to deform, by basal slip
for example, which results in yielding at lower stresses compared with sheet textures
similar to standard sheet basal textures, where c-axis compression lead to a very high
yield strength. To shed further insight into the role of CR textures in promoting sheet
formability, the peak intensity ratio of basal/non-basal planes [150] was employed (Fig-
ure 5.9). It is proposed that magnesium sheet formability is enhanced by increasing
the proportions of non-basal texture components and decreasing the fraction of basal
texture component. As shown in Figure 5.9, the intensity ratio of basal/non-basal
poles is lower in the cross rolled materials.
Figure 5.9: Comparison of relative texture strength of basal {0002}, prismatic {101¯0} and
pyramidal {101¯1} poles obtained for cross rolling (CR 20% r.p.p and CR 40% r.p.p) and
unidirectional rolling (UR 20% r.p.p and UR 40% r.p.p).
In addition to the effect of texture, the very fine grain size of 1-2 µm can also con-
tribute to ductility enhancement at room temperature. Koike et al. [151] demonstrated
that for fine-grained magnesium alloys grain boundary sliding during deformation is
possible even at room temperature. Furthermore, it was suggested that for such fine
grain sizes cross slip is promoted at lower deformation temperatures. Another work by
Mukai et al. [152] reported enhanced low temperature ductility in a WE43 Mg alloy
by grain refinement even at a high strain rate of 2 × 10−3 s−1.
Figure 5.10 shows misorientation angle distributions of the UR and CR specimens
using 20% r.p.p obtained by EBSD analysis. Evidently, the CR material showed a
lower fraction of low angle grain boundaries (LAGB) (i.e. substructure) relative to
the UR material. It is hence, suggested that the decrease in the {0002} basal pole
5.1 Cross rolling 91
intensity of the cross rolled specimen in Figure 5.10 is associated with the higher frac-
tion of high angle grain boundaries (HAGB), which arise from recrystallization during
annealing. In a previous study [144] it was found that cross rolling induces more de-
formation than unidirectional rolling due to continuous changing of strain path during
rolling until the final reduction. This renders DRX during rolling and SRX during
intermediate annealing more active in the CR material relative to the UR material.
The relative weak textures (Figure 5.10) recorded for CR specimens suggest that the
basal texture could not be stable for both deformation paths, otherwise a strength-
ening of the texture would have been observed. This RX-related difference between
the two rolling modes is proposed to explain the different misorientation peak location
in Figure 5.10. The effect of Ce must also be included in this consideration since in
other RE-free Mg alloys no grain boundary misorientation peak can be found at 50 ◦.
RE elements can affect the orientation relationship for high grain boundary mobility,
and hence lead to the formation of unique misorientations other than the common 30 ◦
〈0001〉 [84], which is observed in Figure 5.10 for the UR case.
Figure 5.10: Grain boundary misorientation angle distribution of the CR 20% r.p.p and UR
20% r.p.p specimens.
Figure 5.11 shows Schmid factor (SF) distribution maps for different slip systems,
obtained by EBSD analysis of cross rolled specimen at 20% r.p.p (90% total thickness
reduction). It is obvious that the CR microstructure is suitably oriented for basal and
prismatic 〈a〉 slip with pyramidal 〈c+ a〉 slip being less favored for post deformation.
However, for activation of dislocation slip on a certain plane, not only the SF is im-
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Figure 5.11: Schmid factor (SF) distribution maps obtained by EBSD for cross rolled spec-
imens at 400 ◦C using 20% r.p.p. (a) and (d) SF distribution for basal slip; (b) and (e) for
prismatic 〈a〉 slip; (c) and (f) for pyramidal 〈c+ a〉 slip. Step size = 0.2 µm.
portant but also the critical resolved shear stress (CRSS). Although Ce was added in a
small concentration (0.052 at.%) and has no effect on the c/a ratio, it strongly affects
the stacking fault energy (SFE) of prismatic slip and thus promotes its activation even
at room temperature [153].
5.2 Large strain hot rolling
Compared to the previous multiple-step rolling, single pass hot rolling at large re-
ductions (i.e. large strain hot rolling LSHR) has its simplicity and the possibility of
obtaining large strains in one step without intermediate annealing.
5.2.1 Experimental procedure
The material investigated was ME20 Mg alloy (Section 4.2). Rolling specimens
with a dimension of 50 mm × 18 mm × 4 mm were machined out in such a way that
the crystallographic c-axis was parallel to the normal direction (ND), parallel to the
transverse direction (TD) and 30 ◦ inclined from the transverse direction (TD) towards
the rolling direction (RD) in the RD-TD plane, respectively (Figure 5.12). Solution
heat treatment at 400 ◦C for 30 min was applied in order to obtain a homogeneous
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microstructure prior to processing. Large strain hot rolling experiments was carried
out at 400 ◦C up to 90% reductions. The intermediate strain of 5%, 10%, 15%, 20%,
25%, 30%, 50% was also investigated. It is noteworthy that the ME20 alloy was capa-
ble of accommodating very large strain without significant damage. After LSHR, the
samples were quickly quenched in water.
Figure 5.12: Schematic diagram of sample types and their reference system for the LSHR
experiments.
5.2.2 Texture evolution
The initial macrotextures are represented in Figure 5.13 by means of the {0002}-
and {101¯0} pole figures. It can be seen that, for type 1 the initial texture can be
characterized as basal fibre texture (i.e. a large volume fraction of grains are oriented
with basal planes parallel to the rolling plane) with no preferred orientation. The other
two sample types have a prismatic texture with a preferred (0 ◦ 90 ◦ 30 ◦)-orientation,
i.e. 〈112¯0〉 // RD for type 2 and (0 ◦ 90 ◦ 0 ◦)-orientation, i.e.〈101¯0〉 // RD for type 3.
Compared to type 2, type 3 starting orientation exhibited a larger scatter around the
TD, and much higher symmetry around ND. The texture intensities of basal poles are
2.7, 3.1 and 3.5 MRD for samples type 1, type 2 and type 3 respectively.
Some examples of the {0002} pole figures obtained after single pass hot rolling at
various strain level are presented in Figure 5.14. In case of starting texture of type 1,
the Schmid factor in basal plane equals zero i.e. unfavorable for the easiest basal slip.
Since compression axis perpendicular to the basal plane it was difficult to deform by
basal slip, and a steady basal texture (basal planes parallel to the sheet surface) per-
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Figure 5.13: The starting texture used for the LSHR experiments, represented by means of
{0002}- and {101¯0} pole figures. (a) type 1; (b) type 2; (c) type 3.
sists during all stages of deformation. Only the texture intensity increases with rising
deformation amount from 2.8 to 9.5 MRD corresponding to thickness reduction from
5% to 90% (Figure 5.14a). For samples of type 2 the compression axis was parallel
to the basal plane favorable for the {101¯2}〈101¯1〉 twinning and basal slip. It can be
seen that, at 5% thickness reduction the texture is made up of two components, the
off-basal texture ({123¯2}〈1¯1¯22〉) and a new basal component {0002}〈112¯0〉. At 30%
thickness reduction, a basal texture formed with egg shape meanwhile the ND tilted
to the TD of about 20 ◦. At higher reduction 90%, the build up of a basal texture
(0 ◦ 0 ◦ 0 ◦) as final texture was observed (Figure 5.14b). The texture intensity of basal
pole was 2.5, 4.0 and 6.3 corresponding to thickness reduction of 5%, 30% and 90% re-
spectively. For samples of type 3, at 5% thickness reduction the texture is made up of
two components, the initial prismatic texture (0 ◦ 90 ◦ 30 ◦) and new basal component
{0002}〈112¯0〉. At the higher strains, for samples of type 3 the texture evolution was
similar with the type 2, only the texture changed faster in type 3 with relative bigger
texture strength (Figure 5.14c). Since the macrotexture of type 2 series changed slower
than type 3 series, the lower strain samples of type 2 series was investigated for better
understanding the texture evolution shown in Figure 5.15. At 10% thickness reduc-
tion, the initial prismatic texture was completely disappeared, the texture comprises
of two components: the off-basal texture ({112¯7}〈3¯4¯71〉) and a new basal component
{0002}〈112¯0〉. When the thickness reduction applied between 10% and 30%, the new
basal texture gradually predominated than off-basal texture meanwhile the bimodal
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Figure 5.14: Macrotexture of the rolled samples after single rolling pass at 400 ◦C represented
by means of {0002} pole figures at 5%, 30% and 90% thickness reduction, respectively. (a)
type 1; (b) type 2; (c) type 3.
texture tilted to TD about ±30 ◦. The texture intensity of basal pole was 2.8, 3.2, 3.5
and 3.2 with thickness reduction of 10%, 15%, 20% and 25% respectively.
5.2.3 Microstructure development
Figure 5.16 shows the microstructure of ME20 alloy for all samples type 1, 2 and 3
after single rolling pass at 400 ◦C to a final thickness reduction of 5%. It is well known
that due to the hcp lattice of Mg, the deformation mechanisms are highly dependent
on the initial texture [154]. As evident, the microstructure of type 1 (with a start-
ing basal orientation) exhibited few of twins during rolling (Figure 5.16a). From the
macrotexture results (Figure 5.14b and c) it is known that, twinning plays an impor-
tant role in the initial stages of deformation in terms of samples type 2 and 3. The
mean twin size seems to be same for both types but the volume fraction in type 3
tends to be slightly higher than type 2. The size of contraction twin was thicker than
tension twin in Figure 5.16b and Figure 5.16c. The average grain size for the type 1,
2 and 3 is 9.2 µm, 10.4 µm and 10.8 µm respectively.
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Figure 5.15: Macrotexture of the rolled samples after single rolling pass at 400 ◦C represented
by means of {0002}- and {101¯0} pole figures of type 2 at different thickness reduction. (a)
10%; (b) 15%; (c) 20%; (d) 25%.
Figure 5.16: Microstructure of samples upon single pass hot rolling at 400 ◦C with 5%
thickness reduction. (a) type 1; (b) type 2; (c) type 3. Rolling direction is horizontal along
RD-TD plane.
Due to the typical features of macrotexture between differently LSHR samples,
we focused in the further microstructure analysis only on samples type 1 and type
3. Typical as-rolled microstructures associated with different thickness reductions of
sample type 1 are displayed in Figure 5.17. At low reductions of 10%, the microstruc-
ture of the ME20 alloy type 1 samples consists of elongated, unrecrystallized grains,
containing complex twins. There are no obvious signs of dynamic recrystallization
(DRX) observed in the optical micrographs of this alloy at the examined thickness
reductions. At intermediate thickness reductions of 30% and 50%, a small amount
of high dislocation regions scatter in the deformed structures, i.e. the deformation is
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Figure 5.17: Optical micrographs of the as-rolled of samples type 1 after single rolling pass
with different thickness reductions. (a) 10%; (b) 30%; (c) 50% and (d) 90%. Micrographs
were taken in the RD-ND plane (the RD is horizontal) from the center of sheets.
localized in shear zones. However, some large grains with a corrugated appearance
remained present. Some grain boundaries were hardly discerned any more than low
reduction samples. Hot rolling changed the shape of grains and greatly increased the
total fraction of grain boundaries. The new grain boundaries area was created with
the incorporation of dislocations which were continuously generated during the de-
formation process [84]. At high reductions of 90%, cross shear bands appear as blue
strings as they contain very fine grains inside the bands. Shear bands correspond to
narrow regions of intense shear, which are observed in rolled material, at an angle of
about 30 ◦ to the rolling plane and parallel to the transverse direction.
The microstructure in the samples type 3 is totally different from type 1 rolled
under the same conditions as shown in Figure 5.18. It is evident that at 10% thick-
ness reduction deformation proceeded homogeneously, and prismatic slip seemed to be
favorable deformation mode. However, grains and grain boundaries were easily recog-
nized. It was found that a fully recrystallized microstructure formed at intermediate
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Figure 5.18: Optical micrographs of the as-rolled of samples type 3 after single rolling pass
with different thickness reductions. (a) 10%; (b) 30%; (c) 50% and (d) 90%. Micrographs
were taken in the RD-ND plane (the RD is horizontal) from the center of sheets.
reductions of 30% and 50% with fine grain size. At 90% thickness reduction, nearly
all grains became basal oriented and the only deformation mode available, i.e. basal
slip ceased to operate (very low Schmid factor). The microstructure is thoroughly
refined with shear bands persisting along the transverse plane at about 35 ◦ to the
RD. On the contrary, the samples of type 3 exhibited significant DRX, occurring at
initial grain boundaries. The correlation between DRX mechanisms and the starting
textures is not clear so far but according to del Valle et.al. [155], at high tempera-
tures rotational dynamic recrystallization (RDRX) takes place in a material in which
grains are not as favourably oriented to accommodate the rolling strain, i.e. grains
with basal orientation. These large-scale bands had most probably been shear bands,
the origin of which cannot be identified due to recrystallization within the bands. The
exact mechanism of shear band formation in Mg is unclear; however, based on the
available data, shear bands could be generated by severe inhomogeneous deformation.
In addition, the sample of type 1 seemed to have a tendency for broadening, however,
the sample of type 3 depicted the best rollability among the other sample types.
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Figure 5.19 a and c are EBSD maps illustrating the different types of twins that
produced in ME20 during large strain hot rolling. As can be seen, in type 3 the main
twins are {101¯2} tension twins with a misorientation angle 86 ◦, {101¯1}-{101¯2} double
twins with a misorientation angle 38 ◦ were also present but were fewer in number.
Only few {101¯1} contraction twins were present that did not undergo secondary twin-
ning. However, in type 1, only a few tension twins are formed during hot rolling
deformation. The volume fraction of tension twins was 3.97% and 20.52% in type 1
and type 3, respectively. The microtexture in Figure 5.19 b and d presented in the
{0002} pole figure is mainly consistent with the results of the macrotexture (Figure
5.14).
Figure 5.19: EBSD images of ME20 samples after hot rolled at 400 ◦C for 5% thickness
reductions, (a) type 1 and (c) type 3; Raw data and contour plot of {0002} pole figure was
shown in corresponding EBSD images, (b) type 1 and (d) type 3.
For trace of twin misorientations, the finer grain size 0.2 µm was selected. Fig-
ure 5.19c shows microstructure and orientation distribution of the c-axis in type 3
at 400 ◦C after 5% thickness reduction. Matrix grains are partially consumed by the
growth of tension twins in excess of 40%. In Figure 5.19a, twin seems like across the
grain boundary, theoretically speaking, grain boundary as a barrier to impede the dis-
location motion. It is found that some twins can intersect near the grain boundary.
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The matrix and twin orientations of all determined twins are displayed in pole figure in
Figure 5.19b. It is also visible that the matrix grains in pole figure are orientated that
the c-axis is titled 45− 90 ◦ away from the normal direction. The misorientation angle
distribution profiles (for boundaries above 5 ◦) are shown for the two sample types
in Figure 5.20. For the samples of type 1, the prominent boundary misorientations
are 5 − 10 ◦ about 〈112¯0〉, 25 − 30 ◦ about 〈101¯0〉 and 85 − 90 ◦ about 〈112¯0〉. For
the samples of type 3, the prominent boundary misorientations are 25 − 30 ◦ about
〈101¯0〉, 55− 60 ◦ about 〈101¯0〉 and 85− 90 ◦ about 〈112¯0〉. In generally, there are six
possible {101¯2} planes favorable for twinning activation. Although the misorienta-
tion relationship between any twin variant and the parent grain satisfies the required
86 ◦〈112¯0〉 relationship, there are other misorientation relationships possible between
the twin variants themselves, for instance, 5− 10 ◦ maximum with the 〈112¯0〉 rotation
axis corresponding to a 7.4 ◦ about 〈112¯0〉 relationship between twins and 50 − 60 ◦
about 〈101¯0〉 maximum around the 〈101¯0〉 rotation axis associated with double twins.
Each of these prominent boundary misorientations related to the twin relationship
would be discussed in the discussion part.
5.2.4 Discussion
5.2.4.1 Effect of initial texture on twinning and slip
The main deformation mode in Mg and Mg alloys are basal slip {0002}〈112¯0〉, pris-
matic slip {101¯0}〈112¯0〉, pyramidal slip {101¯1}〈112¯0〉, pyramidal 〈c+ a〉 slip {112¯2}〈112¯3〉
and tension twinning {101¯2}〈101¯1〉, contraction twinning {101¯1}-〈101¯2〉 as well as dou-
ble twinning {101¯1}-{101¯2}. In the present case, variations in deformation modes can
be interpreted in terms of the influence of the initial texture on slip and twinning.
During large strain hot rolling of type 1 specimens the basal planes maintained their
alignment with the sheet plane. Thus, basal slip and tensile twinning were suppressed
under compressive loading since there was little or zero resolved shear stress on basal
planes. As a result, both modes played a minor role in determining the texture devel-
opment, and non-basal slip modes were expected to have more influence under such
conditions. At elevated temperature their high critical resolved shear stress (CRSS)
value are reduced, which promotes their activation so that it accommodates a lot of
strain along the c-axis. In sample type 3, most of grains oriented with c-axis parallel
to the tangential direction. Such an initial texture indicates that, during rolling, the
grains rotated so that the basal plane was aligned almost parallel with the rolling
plane. Thus, after rolling, most of the c-axes are rotated 90 ◦ perpendicular to the
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Figure 5.20: Misorientation angle distributions for samples hot rolled at 400 ◦C for 5%
thickness reduction. The misorientation axis distributions are shown (as volume fraction /
percent) for some of the angular ranges in the crystal coordinate system. (a) type 1 and (b)
type 3.
basal plane. The as-received texture favorable for prismatic slip and tension twinning
{101¯2}〈101¯1〉 under compressive loading. The CRSS for prismatic slip is smaller than
pyramidal 〈c+ a〉 slip. However, since many prismatic planes are parallel to the rolling
direction perpendicular to contraction strain components that are activated during hot
rolling, the reduction in width and thickness cannot be accommodated by prismatic
slip. Instead, pyramidal 〈c+ a〉 slip and tension twinning have to operate, particularly,
since they are favorable modes for the given deformation geometry.
The misorientation angle distributions for both c-axis compression type 1 and c-
axis extension type 3 samples showed local maxima in the range 85−90 ◦ and a strong
preference for a 〈112¯0〉 rotation axis within this range (Figure 5.20). This peak in
misorientation angle distribution was promoted by the {101¯2}-twinning. In case of
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sample type 1, c-axis parallel to the compression direction, contraction twin was ex-
pected during rolling deformation, however, in Figure 5.18a, only several contraction
twins observed, most of twins are {101¯2}-twinning. In Ref [55] M. D. Nave proposed
that some of these twins may occur within grains that initial orientations very differ-
ent from the dominant texture, i.e. scatter texture, this can be seen in Figure 5.14a,
the ND tilted to the RD about ±20 ◦. In contrast of sample type 2, c-axis extension
perpendicular to the compression direction, except the {101¯2}-twinning, the two other
prominent misorientation relationships shown in Figure 5.20b. Figure 5.19c, we found
that extention twins are always broad and contraction twins are thinner. This is be-
cause extension twins only produce small amounts of shear per unit volume and vice
versa contraction twins produce large amounts of shear per unit volume.
5.2.4.2 Effect of twinning and slip on texture development
In case of sample type 1, imposed strain from -0.05 to -2.3 the resulting {0002}
pole figure only exhibited a slight change compared to the as-received one. This is
because the fewer tension twins generated during deformation under these conditions.
The main deformation mechanism was composed of basal slip and pyramidal 〈c+ a〉
slip. Even when contraction twins and double twins were observed in some grains
(Figure 5.19), the total volume fraction of twins was still low compared to that of type
3. As a result, the texture was only slightly modified by twinning.
Mechanical twinning can influence the deformation mechanism of Mg in two differ-
ent ways, which have been demonstrated in many studies [56, 73, 156]. Twin bound-
aries act as barriers to dislocation motion leading to an increase in the dislocation
density. The twinning event itself accommodates strain along the c-axis. In the
present case, {101¯2}-twinning is the dominant deformation mode for type 2 and type
3 at low strain, and they reorient the basal planes by 86 ◦. However, this type of
{101¯2}-twinning is usually not assisted in prism-oriented grains but must be due to
scattering from the ideal prismatic orientation. This means that basal planes orig-
inally favourably oriented for slip can be reoriented to more favorable orientations.
Compared to the initial texture the orientation (0 ◦ 90 ◦ 30 ◦) decreased quickly and
the orientation (0 ◦ 90 ◦ 0 ◦) increased instead. Figure 5.21 shows the Schmid factor
distribution maps for different slip systems, obtained by EBSD analysis for samples
type 3 hot rolled at 400 ◦C for 5% thickness reduction. This can be explained by
basal slip and single prismatic slip completely. Figure 5.21b and e indicates that the
Schmid factor of deformed grains was highest for prismatic 〈a〉 slip. The microstruc-
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ture was also somewhat suitably oriented for pyramidal 〈c+ a〉 slip (Figure 5.21c and
f), but there were no indications in the texture development that this slip system was
an important deformation contributor. This is most likely because, in this particular
case, strain accommodation along the c-direction was necessary. At 90% thickness
reduction a stable basal fibre texture is observed. The mechanisms of texture evolu-
tion of samples type 3 are similar compared to type 2, however the rotation into the
basal orientation occurs faster, i.e. the orientation (0 ◦ 90 ◦ 30 ◦) has disappeared com-
pletely. At 30% thickness reduction a stability of a {0002} 〈101¯0〉 basal component
(0 ◦ 0 ◦ 0 ◦) is observed, which gives a hint that double basal slip and prismatic slip
were favourable slip modes (after twinning) during the deformation of samples type
3. For all the samples, the basal fibre texture at high strains (greater than 30% thick-
ness reduction) illustrates a 30 ◦ tilting of the c-axis towards RD. In this case grains
were unfavorably for oriented twinning, which in turn renders deformation difficult.
Therefore, other deformation mechanisms must operate in order to accommodate the
imposed rolling strain. In pure magnesium, the CRSS for prismatic slip is known to
be roughly two-orders of magnitude greater than that for basal slip system and ex-
periments by Kelly and Hosford [154] on single magnesium crystals failed to activate
any prismatic slip system even under optimal orientation. There are indications that
RE alloying elements, such as cerium facilitates prismatic slip in magnesium which
is referred to as “solution softening”[157]. The basal pole figure illustrated a slightly
off-basal double peak which refers to an increasing activity of non-basal pyramidal
〈c+ a〉 slip. The addition of cerium to magnesium in relatively small amount (0.3
wt. %), apparently changes grain boundary behavior and orientation relationships for
high mobility, as well as increases the stacking fault energy for non-basal glide, which
facilitate its activation [158].
The twinning modes observed in polycrystalline Mg alloy in this work are largely in
agreement with those noted by Kelley and hosford [154] and with recent observations
of twinning activity in pure magnesium during plane strain compression by M. D.
Nave et al. [55]. Regarding the influence of twinning on ductility in magnesium alloy,
there is no consistent standpoint up to now. On one hand, twins can supply additional
independent deformation modes when independent slip modes are inactive [159, 160].
On the other hand, some twin modes have been observed to be intimately associated
with fracture. In contrast with the aforementioned texture evolution associated with
extension twins, it is known that {101¯1}-contraction twins and {101¯1}-{101¯2} double
twins are more favourably oriented for basal slip. As it is shown in Figure 5.19b,
after hot rolling the orientation of contraction twins and double twins exhibited the
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Figure 5.21: Schmid factor (SF) distribution maps obtained by EBSD for samples type 3
hot rolled at 400 ◦C for 5% thickness reduction (a) and (d) SF distribution for basal slip; (b)
and (e) for prismatic〈a〉 slip; (c) and (f) for pyramidal 〈c+ a〉 slip. Step size 0.7 µm.
characteristic off-basal texture, which indicates that to some extent these twins can
weaken the deformed basal texture. This means that these twins can accommodate
additional strain along c-axis.
5.3 Accumulative roll bonding
Accumulative roll bonding (ARB) is one of the techniques capable of obtaining an
average grain size under 1 µm in diameter in Al or Mg alloys. ARB, in particular, has
potential to be adopted by industry to produce fine-grained materials in the form of
large sheets, due to its feasibility as a continuous process. The changes of hardness,
yield and tensile strengths, and corresponding loss of ductility are expected when the
number of layers is increased. The purpose of this study is therefore to characterize
quantitatively the through-thickness deformation microstructure and texture intro-
duced by the ARB process.
5.3.1 Experimental procedure
The material investigated was Mg alloy ME20 (Mg–1.5Mn–0.3Ce) received in the
form of rolled plate with sheet thickness of 20 mm. Prior to ARB, the material was
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homogenized at 400 ◦C for 30 min. Specimen dimensions for the ARB experiments
were 60 mm × 10 mm × 1 mm. Degreasing and wire-brushing were required in order
to obtain good surface quality before stacking. The ARB experiments were conducted
in a 250 mm diameter rolling mill at a rolling speed of 21 m/min without lubrication.
Before each pass, the samples were heated at 400 ◦C for 5 min. The roll-bonded sheet
was cut each time into two plates, stacked and rolled again, so that the thickness of
the stack is equal to the thickness of the original plates. For 50% thickness reduction
per cycle, the total equivalent von Mises strain after n cycles is given by:
ε =
2√
3
(ln
1
2
)× n = 0.8n (5.3)
The rolling schedule is listed in Table 5.4. After 8 cycles of the ARB process, the
number of bonded layers was 256. The microstructure was examined in the RD-ND
plane (RD and ND are the rolling and normal directions, respectively) by optical mi-
croscopy (OM) under polarized light after chemical etching.
Table 5.4: Geometrical shape change of the sheets during the ARB process when
roll-bonded by 50% reduction per cycle.
Number of cycles, n 1 2 4 6 8
Number of layers, m 2 4 16 64 256
Total reduction, r (%) 50 75 93.8 98.4 99.6
Equivalent strain, ε 0.8 1.60 3.20 4.80 6.40
5.3.2 Microstructure development
Figure 5.22 shows the microstructure evolution of the ME20 sheets upon accumu-
lative roll bonding at 400 ◦C. The microstructure of the starting sheet was composed
of equiaxed grains with an average grain size of about 10 µm (Figure 5.22 a). After
the first two cycles, the microstructure showed a bimodal grain size distribution of
deformed elongated grains and newly formed submicron grains, which were difficult to
characterize by optical microscopy even at 1000 X (Figure 5.22b and c). It is suggested
that the ultra fine grains were formed by means of rotational dynamic recrystalliza-
tion (RDRX), which transforms subgrain boundaries in the mantle regions of elongated
grains (high stress concentrations) into high angle boundaries [54]. RDRX thus leads
to the formation of new grains adjacent to the original boundaries without significant
changes in crystallographic orientation from the deformation texture. Between 4 and
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Figure 5.22: Optical microstructures of the ME20 sheets after accumulative roll bonding at
400 ◦C; (a) initial state, (b) after 1 cycle, (c) 2 cycles, (d) 4 cycles, (e) 6 cycles and (f) 8
cycles. The rolling direction is horizontal.
6 cycles, no additional grain refinement was observed. However, the microstructure
became more homogeneous; i.e. the large elongated grains were consumed by ultra
fine grains (Figure 5.22d and e). This can be expected at such high strain levels, where
the undeformed core regions of basal oriented grains catch up and also take part in
recrystallization. At very large strains of approx. 6.4 RDRX seemed to be exhausted
and the deformation gave rise to ultra fine shear band microstructure (Figure 5.22f).
The bonding interface introduced in the first ARB cycle is shown in Figure 5.23a,
accompanied by continuous second phase precipitation along the interface. During the
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Figure 5.23: SEM images in the RD-ND plane of ME20 sheets after accumulative roll
bonding at 400 ◦C. (a) 1 cycle and (b) 2 cycles. Grain size distribution of ARBed ME20
sheets after (c) 1 cycle and (d) 2 cycles.
second and subsequent cycles, good bonding quality was obtained. This was indicated
by an interface-free microstructure with discontinuous precipitation of second phase
particles (Figure 5.23b). The grain size distribution after the first and second cycles
is shown in Figure 5.23c and d, respectively. Evidently, the predominant proportion
of the microstructure was associated with grain sizes between 1 and 3 µm. The finely
dispersed second phase particles were obviously able to pin dislocations and grain
growth effectively. Jiang et al. [161] proposed that if ARB is performed at elevated
temperatures, at which a sufficient number of slip systems become active, rapid grain
growth takes place, making it difficult to obtain ultra-fine grained microstructure in
Mg alloys of the AZ series. The particles present in the microstructures in Figure 5.23
are expected to be the Mg12Ce phase [162].
5.3.3 Texture evolution
Figure 5.24 depicts the texture evolution of ARBed ME20 sheets as a function of
the ARB cycles. The initial sheet texture showed a weak basal orientation with in-
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tensity splitting and a broad distribution of basal poles toward the rolling direction
RD (Figure 5.24a). In rolled Mg alloys it is common that the basal pole intensity
increases with increasing thickness reduction [163]. As shown in Figure 5.24, with in-
creasing ARB cycles the texture intensity increased by almost 5 times relative to the
initial state (3 → 14 MRD). It is obvious that readily after the first cycle the scatter
component and the maximum intensity splitting rotated back away from RD toward
the sheet normal direction ND. This texture type was preserved up to 4 cycles. After
6 and 8 cycles it is evident that the double peak basal texture was transformed into
a single peak basal texture. It was however important that the maximum basal pole
intensity was not directly located at ND. Such little scatter from the ideal (0 ◦ 0 ◦ 0 ◦)
orientation is important for basal slip activation.
Figure 5.24: {0002} pole figures of the ME20 sheets after accumulative roll bonding at
400 ◦C. (a) Initial sheet texture, (b) after 1 cycle, (c) 2 cycles, (d) 4 cycles, (e) 6 cycles and
(f) 8 cycles. The rolling reduction is in the north direction and the transverse direction is in
the east direction. Intensity levels: 1:1.5:2:3:4:6:8:10:12.
5.3.4 Mechanical properties
The mechanical properties of ARBed ME20 sheets obtained by tensile testing at
room temperature along the rolling direction are presented in Figure 5.25. In general
there is an obvious tendency for an increase in strength and decrease in ductility with
increasing number of ARB cycles. The increase of strength is attributed to the grain
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refinement achieved during the ARB process. The observed ductility loss is probably
attributed to the increase in texture intensity. The sudden decrease in yield and ul-
timate strengths at the 4th and 6th cycle, respectively could be attributed to RDRX
discussed earlier. It is expected to be able to increase the ductility in the highly de-
formed sheets (6 and 8 cycles) if the corresponding texture intensities would decrease
by approx. 50%. This can be achieved by subjecting the ARB sheets to annealing
treatments prior to tensile testing. This will be pursued in a future study.
Figure 5.25: Tensile properties of ME20 sheets after accumulative roll bonding at 400 ◦C
strained at room temperature along the rolling direction. UTS: ultimate tensile strength;
TYS: tensile yield strength; EL: elongation.
5.4 Conclusions
A comprehensive investigation was carried out to explore the mechanisms and
texture evolution associated with high thickness reductions during different modes of
rolling. On the basis of experimental results, following conclusions are drawn:
5.4.1 Cross rolling
1. It is demonstrated that with strain path change via the cross rolling method the
sheet texture was altered in a way that yielded weak intensity and large basal
pole scatter about ND. The maximum intensity of (0002) basal texture at the
center layer is lower than that of the surface layer, which is attributed to the
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fact that the center layer is deformed under plane strain condition, whereas the
surface layer was affected by simple shear as well.
2. Homogeneous and fine microstructures average recrystallized grain size below 5
µm were obtained after cross rolling and subsequent annealing. The very fine
grain size and modified sheet textures of CR specimens gave rise to isotropic sheet
properties in tension along different sheet directions combined with enhanced
room temperature ductility.
5.4.2 Large strain hot rolling
1. In type 1, a strong basal texture was found to be retained during all stage
deformation of ME20. The texture intensity increased with increasing thickness
reductions. The main deformation modes were basal and prismatic 〈a〉 slip.
2. In type 2 and type 3, at low strains, the texture was made up of two components:
initial prismatic orientation and newly developed off-basal orientation. The main
deformation modes were {101¯2}-twinning, basal and prismatic 〈a〉 slip. When
the thickness reduction exceeded 30%, a stable basal fibre texture was observed.
The basal, prismatic 〈a〉 and pyramidal 〈c+ a〉 slip systems are also active. At
the 90% reductions, except for the dislocation glide, shear bands became another
contributor to accommodate the strain and significantly alter the final textures.
3. There is no obvious recrystallization behavior observed in type 1, on the con-
trary, to a certain extent recrystallization took place in type 3. The addition of
cerium to magnesium in relatively small amount (0.3 wt.%) probably promotes
activation the prismatic 〈a〉 glide.
5.4.3 Accumulative roll bonding
Investigations aiming at understanding the microstructure evolution and mechan-
ical properties resulting from ARB processing of ME20 Mg alloy sheet were carried
out. It was found that ARB can produce an ultra fine grained microstructure with
promising stability against grain growth owing to discontinuous precipitation. Grain
size distribution between 1 and 3 µm was readily achievable after the 1st cycle with
50% reduction. A homogeneous microstructure can still be obtained after 4 to 6 ARB
cycles. The sheet texture was strengthened along with increasing ARB cycles. The
tensile strengths (YS and UTS) were improved with increasing ARB cycles. RT ductil-
ity was however decreased, which was attributed to ARB sheet texture strengthening.
Chapter 6
Elevated Temperature Deformation
Behavior : Compression Tests
From the technological point of view, rolling deformation behavior of hexagonal
grains in a polycrystal aggregate has a very strong influence on the subsequent me-
chanical properties and anisotropy of the sheet products. In contrast to common
rolling processing, plane strain compression (PSC) using a channel-die device allows
to conduct experiments at specific deformation conditions, i.e. constant temperature
and strain rate. The PSC geometry suppresses specimen broadening along transverse
direction and enforces plastic deformation only in the compression and extension di-
rections. Another compression test was conducted excluding the lateral constraints
for deformation (uniaxial compression). In this chapter the texture evolution and
microstructure development were systematically analyzed upon compression tests at
elevated temperatures.
6.1 Plane strain compression
6.1.1 Experimental procedure
The materials investigated for plane strain compression tests were ME20 hot rolled
plate. In order to obtain different starting textures, deformation specimens were ma-
chined out from the annealed sheets in three different orientations relative to the rolling
geometry (Figure 6.1). Accordingly, in specimen type 1 the compression direction CD
was parallel to the sheet normal direction ND, whereas in specimen types 2 and 3, CD
was parallel to the rolling direction RD and the transverse direction TD, respectively.
The specimen dimensions for the PSC tests were 14 mm (RD) × 10 mm (TD) × 6 mm
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(CD). PSC tests were conducted using a channel-die allowing deformation in the CD
and RD directions but not in the TD (lateral constraints). Details on the experimental
procedures of the tests can be found in Section 3.2.2.
Figure 6.1: Schematic diagram of the investigated sheet orientations in channel-die defor-
mation: (1) sheet compression, and (2 and 3) in-plane compression.
The current study investigates the activation scenarios of deformation mechanisms
in a RE-containing Mg alloy sheet deformed by plane strain compression under dif-
ferent deformation temperatures and strain rates. The deformation experiments cover
one series of sheet compression (c-axis compression) and two series of in-plane com-
pression (c-axis extension). Evaluation of the active deformation modes is carried
out on the basis of experimental texture development and texture simulations using a
cluster-type Taylor model. In addition, the well established Mg alloy AZ31 is taken
as a reference alloy for comparison purposes of the flow behavior, microstructure and
texture development obtained in the RE-containing alloy.
6.1.2 Initial conditions
The starting textures of the different specimen types of both alloys are presented in
Figure 6.2. For type 1, the AZ31 alloy showed a conventional sheet basal texture with
a strong intensity of 9 MRD. The {101¯0} pole figure showed a fiber texture component
with no alignment preference to RD or TD. For the ME20 alloy, the texture strength
was significantly weaker than that of AZ31 (3 MRD), and the qualitative character of
the texture was also different, i.e. depicted much larger tilt of basal poles about ND
toward RD. For specimen types 2 and 3, the same trend was observed regarding the
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texture strength of ME20 being considerably weaker than that of AZ31. The basal
poles in both alloys were mostly parallel to the compression direction, with the c-axis
being aligned with the RD (type 2) or the TD (type 3). For both specimen types in
both alloys, the prismatic poles in the {101¯0} pole figure were located close to CD
(contraction in the 〈101¯0〉-directions). For AZ31, the prismatic pole figures revealed
additional components; 〈101¯0〉TD (type 2) and 〈101¯0〉RD (type 3) (contraction in the
〈112¯0〉-directions).
Figure 6.2: Investigated starting textures of AZ31 and ME20 represented by means of (0002)
and {101¯0} recalculated pole figures.
6.1.3 Flow behavior
The mechanical response of AZ31 and ME20 alloys during PSC tests at 200 ◦C and
400 ◦C and a selected constant strain rate of 0.01 s−1 is shown in Figure 6.3a-c in terms
of true stress–true strain curves. Flow curves at other deformation temperatures and
strain rates are not shown here for sake of brevity. Flow curve data at strains higher
than -0.4 were excluded due to increased friction effects, which caused a false increase
of stress at higher strains. It is obvious, that for the same starting texture, and for
deformation at the same temperature and strain rate, the two alloys showed signifi-
cant differences in their deformation behavior. It is also evident that the mechanical
response of both materials was influenced by the starting texture.
In general, the solid solution alloy AZ31 exhibited higher flow stresses than the
ME20 alloy. The yield strength depended on the starting texture. For specimen types
1 and 3, AZ31 showed a higher yield strength than ME20 despite a finer grain size
of the latter (Hall-Petch relationship). However, specimen type 2 (soft orientation
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Figure 6.3: Select true stress–true strain curves of AZ31 and ME20 specimens during PSC
at 200 ◦C and 400 ◦C and a selected constant strain rate of 10−2 s−1. (a) Type 1 orientation,
(b) type 2 and (c) type 3.
for tension twinning) revealed an opposite trend, where the yield strength was much
higher in ME20 than in AZ31 specimens. This is discussed later in terms of twinning
activation.
For type 1 series, ME20 revealed a higher hardening rate at low strains (up to
-0.05) compared to the AZ31 alloy. At 200 ◦C/10−2 s−1, the deformed ME20 specimen
yielded at lower stresses than the AZ31 specimen (ME20: σy ∼ 165 MPa; AZ31: σy ∼
195 MPa; in terms of 0.2% offset yield strength). Upon yielding, the ME20 specimen
underwent short and modest work hardening followed by strain softening, whereas
the AZ31 specimen showed a more or less steady-state flow behavior. At 400 ◦C/10−2
s−1, both materials exhibited a steady-state flow behavior at ∼ 65 MPa that was first
reached by the ME20 specimen having a higher hardening rate.
For specimen type 2 deformed at 200 ◦C/10−2 s−1, the flow curve of the AZ31
specimen showed a sigmoidal hardening response typical for twin-assisted deformation
(e.g. Ref [164]). By contrast, the ME20 specimen rendered a parabolic hardening
response with a much lower hardening rate as typical for slip-assisted deformation.
In this test series, ME20 showed a higher yield strength than AZ31. However, the
yield strengths for both alloys in this case were markedly lower than those obtained
in type 1 specimens. Moreover, the flow stress differential between the two alloys was
much higher than in case of type 1 series. The steady state flow stress of AZ31 with
a type 2 initial texture was notably higher compared to the AZ31 specimen with a
type 1 initial texture. The stationary flow stresses of deformed ME20 specimens with
type 1 and type 2 starting textures were comparable. Similar to type 1, the flow
curve of ME20 at 200 ◦C/10−2 s−1 (type 2) seemed to undergo softening after some
work hardening. The difference, however, lies in the strain at which the peak stress
6.1 Plane strain compression 115
was observed (-0.12 for type 1 and -0.2 for type 2). At 400 ◦C/10−2 s−1, both alloys
seemed to reach steady-state at lower strains than type 1, with no S-shaped hardening
observed for AZ31. The corresponding steady-state flow stresses were also lower than
those established in type 1.
For specimens of type 3 at 200 ◦C/10−2 s−1, the flow curves of both materials
demonstrated a linear work hardening response, with a much higher hardening rate
of the AZ31 specimen, causing an increasing flow stress differential with increasing
strain. At 200 ◦C/10−2 s−1, ME20 showed a lower hardening rate compared to AZ31,
contrary to the trend observed in type 1, with comparable steady-state flow stresses.
6.1.4 Microstructure development
The optical microstructures of the AZ31 and ME20 alloys after PSC tests at 200 ◦C,
300 ◦C and 400 ◦C and a constant strain rate of 10−3 s−1 up to a true strain ε = -1.0
are presented in Figure 6.4. The initial texture did not seem to largely affect the mi-
crostructures, particularly at high strains. Hence, only the microstructures of type 3
are presented in Figure 6.4. During heating up of the samples to the desired deforma-
tion temperature, some grain growth took place, which was subject to the deformation
temperature and the required heating time before deformation. At 200 ◦C and 300 ◦C
grain growth was negligible in both materials. At 400 ◦C the average grain size in-
creased by about 7 µm in ME20 and 9 µm in AZ31.
At 200 ◦C the PSC microstructure of AZ31 showed a high proportion of large de-
formed grains surrounded by much finer grains (d ∼ 2 µm) resulting from dynamic
recrystallization. In addition to their location at grain boundaries of the deformed
grains, the fine DRX grains seemed to cluster along specific paths oriented at ∼ 35 ◦C
to the longitudinal direction of the channel die (LD) (Figure 6.4a). By contrast, the
PSC microstructure of the RE-containing alloy ME20 indicated no signs of DRX, and
was solely comprised of large, and somewhat curly, deformed grains elongated in the
LD (Figure 6.4b).
Increasing the deformation temperature to 300 ◦C in the AZ31 alloy gave rise to
a partially recrystallized microstructure with a higher fraction of fine DRX grains (d
∼ 16 µm), and some leftovers of deformed grains elongated in the LD (Figure 6.4c).
For the ME20 alloy, it was evident that the deformed microstructure underwent some
DRX at 300 ◦C. However, the volume fraction of the deformed grains was predomi-
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Figure 6.4: PSC microstructures of AZ31 (a, c and e) and ME20 (b, d and f) obtained at
200 ◦C (a and b); 300 ◦C (c and d) and 400 ◦C (e and f). ε˙=10−3 s−1 and ε=-1.0. Black border
insets (right column) depict magnified views of the microstructure. Additional white border
inset in (d) typifies fragmentation of pre-existing coarse particles and arrangement parallel
to the longitudinal direction of the channel-die LD. Arrows in (a) indicate the formation of
shear paths along DRXed bands.
nant. Contrary to PSC at 200 ◦C the grain boundaries of the deformed grains had a
serrated appearance (Figure 6.4d).
At an elevated temperature of 400 ◦C, both materials revealed fully recrystallized
microstructures comprising fine equiaxed grains with comparable average grain sizes
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of ∼ 18 µm (AZ31) and 14 µm (ME20) (Figure 6.4e and f). The insets on the upper-
right-hand side of Figure 6.4b, d and f show magnified views of the microstructures for
a clearer illustration. The inset on the bottom-left-hand side of Figure 6.4d typifies
the effect of strain path (compression in the CD with concomitant elongation in the
LD) on the alignment of second phase particles in the extension direction of deforma-
tion. This behavior was observed more at 200 ◦C and 300 ◦C rather than at 400 ◦C,
but it seemed more dependent on the strain level than on the deformation temperature.
6.1.5 Experimental texture evolution
Figure 6.5 and Figure 6.6 show the textures of specimen types 1, 2 and 3 after PSC
to ε = -1.0 at different temperatures and strain rates in terms of (0002) (Figure 6.5)
and {101¯0}-pole figures (Figure 6.6).
For AZ31 specimens of type 1 the basal character of the initial texture (cf. Fig-
ure 6.2) was essentially conserved during deformation regardless of the deformation
conditions. With increasing deformation temperature T and decreasing strain rate
ε˙, i.e. decreasing Zener-Hollomon parameter Z (Z = ε˙ exp(Q/RT ), where Q is the
activation energy; R the gas constant) the texture intensity increased considerably
from its initial strength, reaching a maximum of 17 MRD at the lowest Z deformation
condition (400 ◦C/10−4 s−1). Analysis of the corresponding prismatic pole figures in
Figure 6.6 revealed that the fiber nature of the basal texture was unsustainable during
PSC. Deformation at a high strain rate (10−2 s−1) gave rise to a 〈101¯0〉LD component,
whereas deformation at a lower strain rate (10−4 s−1) seemed to develop a 〈112¯0〉 LD
component (equivalent to the evident 〈101¯0〉TD orientation in the respective {101¯0}-
pole figures). By contrast to the basal poles, the intensity of prismatic poles remained
virtually unchanged with changing Z conditions.
In case of ME20 (type 1), the texture development during PSC was obviously af-
fected by the deformation temperature and strain rate. At the highest Z condition
corresponding to 200 ◦C and 10−2 s−1 the texture at ε = -1.0 was similar to the ini-
tial texture with maximum intensity splitting of basal poles toward RD or LD. The
PSC texture, however, had less scatter and higher intensity (4.4 MRD), which was
50% less than the texture intensity of AZ31 deformed at the same conditions. With
decreasing Z the final PSC textures started to show conspicuous deviations from the
initial texture shown in Figure 6.2. Keeping the deformation temperature constant at
200 ◦C and decreasing the strain rate to 10−4 s−1 drove the tilted basal poles about
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Figure 6.5: (0002)-Recalculated pole figures showing PSC textures of AZ31 and ME20
specimens after deformation at 200 ◦C and 400 ◦C and 10−2 s−1 and 10−4 s−1 strain rates
up to a final true strain ε = -1.0. Texture intensities are in MRD.
ND back to the CD (Figure 6.5), and caused a broad angular distribution of basal
poles toward TD. The corresponding texture intensity indicated an increase over the
previous condition with the same deformation temperature but with a higher strain
rate (6.6 vs. 4.4 MRD). Nevertheless, compared to the AZ31 alloy, the texture inten-
sity of ME20 at this condition was still half that of AZ31 (6.6 vs. 11 MRD). Keeping
the deformation strain rate at 10−2 s−1 while increasing the temperature up to 400 ◦C
gave rise to a sharp PSC texture with an altered characteristic. The texture strength
(11 MRD) was comparable to that of AZ31 at the same Z condition. In addition to
a preferred angular spread of basal poles with high densities toward TD, the texture
at low contour levels showed a very broad distribution of basal poles toward LD and
TD. The most striking texture variation from a typical basal texture was observed
during deformation at 400 ◦C and 10−4 s−1. Analogously to the initial texture, the
final texture at 400 ◦C and 10−4 s−1 retained a relatively low intensity of 3.5 MRD
associated with basal poles splitting at ± 20 ◦ about TD. However, unlike the initial
texture, the final PSC texture exhibited a greater spread of basal poles toward TD,
which seemed a common feature of ME20 specimens (type 1) deformed at low Z con-
ditions. With respect to prismatic pole orientation, the {101¯0}-pole figures revealed
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Figure 6.6: {101¯0}-Recalculated pole figures showing PSC textures of AZ31 and ME20
specimens after deformation at 200 ◦C and 400 ◦C and 10−2 s−1 and 10−4 s−1 strain rates
up to a final true strain ε = -1.0. Texture intensities are in MRD.
that the 〈101¯0〉 RD orientation was preserved during all investigated Z conditions with
very low maximum intensities of ∼ 2 MRD. At 400 ◦C/10−4 s−1 the texture showed a
tendency for developing an additional 〈112¯0〉 LD component (Figure 6.6).
Specimens of type 2 demonstrated a texture development during deformation that
was much different from the initial texture having the c-axes aligned with the LD.
For AZ31 and ME20 deformed at 200 ◦C and 10−2 s−1 the initial off-basal texture was
transformed into a basal texture with the basal planes parallel to the compression
plane. The PSC texture of ME20 had almost 50% less intensity than the AZ31 alloy,
and a broader distribution of basal poles toward TD. Congruent with the reorienta-
tion of basal poles from LD to CD, the common 〈101¯0〉 CD orientation was replaced
by a 〈101¯0〉 LD orientation in case of AZ31 and a fiber orientation in case of ME20
(Figure 6.6). At a lower Z condition (200 ◦C/10−4 s−1) the textures of both materials
demonstrated a clear propensity for basal pole splitting, which was more prevalent
in the RE-containing alloy ME20. In addition, the tilted basal components in the
ME20 alloy showed favorable scatter in the TD. The prismatic pole figure of the AZ31
specimen exhibited the formation of a 〈112¯0〉 LD orientation instead of a 〈101¯0〉 LD
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orientation, which was observed at the higher Z condition (200 ◦C/10−2 s−1). For the
ME20 specimen, the prismatic poles were aligned with the LD and the TD with a low
intensity of 1.8 MRD. Increasing the deformation temperature to 400 ◦C with a strain
rate of 10−2 s−1 seemed to promote basal pole splitting, which was again more distinct
in the ME20 alloy in terms of completion. The respective prismatic pole figures of
both materials showed a preferred 〈112¯0〉 LD orientation. The effect of deformation
temperature and strain rate on promoting the basal pole splitting in type 2 oriented
specimens was most evident at the lowest examined Z condition (400 ◦C/10−4 s−1).
Both alloys depicted full basal pole splitting at angular tilt of about ± 25 ◦ to ± 30 ◦.
Moreover, the tilted basal components seemed elongated in the TD, which was more
expected for the rare earth alloy ME20 rather than for the standard alloy AZ31. An
interesting observation was made in the ME20 specimen, where the texture (Figure
6.5) showed a second component close to LD pertaining to the initial orientation of
type 2. This was the only case for type 2 specimens, where a fraction of the initial
orientation was conserved during deformation. Figure 6.6 shows that during PSC at
an elevated temperature of 400 ◦C both alloys developed a weak 〈112¯0〉 LD orientation.
For type 3 specimens remnants of the initial orientation were evident in the PSC
textures after deformation. In AZ31 the initial prismatic orientation with the c-axes
of grains parallel to TD was mainly retained during deformation up to ε = -1.0 for
all investigated Z conditions. There were, however, some characteristic modifications
observed with respect to texture strength and scatter that depended on the deforma-
tion conditions. An additional important alteration from the initial type 3 texture
was the development of one predominant 〈101¯0〉 LD orientation instead of the two
initial orientations; 〈101¯0〉 LD and 〈112¯0〉 LD (cf. Figure 6.2). This was observed for
ME20 also. During deformation of AZ31 at 200 ◦C and 10−2 s−1 the texture devel-
oped a predominant 〈101¯0〉 LD prismatic orientation with a high intensity of 14 MRD
(Figure 6.6). Furthermore, the main texture component and the scatter component in
the (0002)-pole figure showed an obvious tendency for rotation toward the CD (Fig-
ure 6.5). Decreasing the strain rate at the same temperature suppressed a rotation
of the main texture component from its TD orientation toward the CD, but it did
not affect the scatter component, which had developed a fiber 〈101¯0〉 LD component
located between CD and TD in the (0002)-pole figure. Decreasing Z by increasing
the deformation temperature to 400 ◦C resulted in a lower rotation trend of the basal
poles toward the CD (particularly for the scatter component). Additionally, PSC at a
lower strain rate (10−4 s−1) seemed to increase the spread of basal poles located near
TD toward the LD (Figure 6.5).
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In case of ME20 deformed at 200 ◦C the maximum intensities of basal poles were
tilted by ± 20 ◦ from the initial TD orientation with no noticeable change of texture
intensity. At 400 ◦C the PSC textures indicated two equally-strong orientations (3
MRD) comprising the tilted component at ± 20 ◦ from TD and the initial prismatic
component (Figure 6.5). It is noteworthy that the basal pole figures revealed some den-
sity of basal poles located close to LD, which must have developed during deformation.
6.1.6 Predicted texture evolution
For quantifying the deformation mechanisms responsible for the unique texture evo-
lution observed in ME20 the grain interaction model (GIA) was used to simulate the
experimental textures of select specimens. The GIA model is an advanced cluster-type
Taylor model that is built up with 8-grain aggregates and considers the interaction at
grain boundaries in all three spatial directions. Details of the GIA model can be found
in [165, 134]. The initial experimental textures were discretized into 4000 grains of
the same weight and used as input in the simulations. In the simulation, the material
was deformed under plane strain conditions (ε22 = 0) with a true strain increment of
0.005 up to select strain levels. Hardening effect due to both slip and twinning was not
considered. The only parameters to be adjusted in the simulation were the CRSSs of
all deformation modes at different temperatures. They were given as multiples of the
CRSS for basal slip, and were the same for all equivalent systems in one mode. The
fitting of these parameters was based on a comparison of the texture evolution with
its experimental counterparts. The allowed deformation modes for were (0002)〈112¯0〉
basal slip, {11¯00}〈112¯0〉 prismatic slip, {11¯01}〈112¯0〉 pyramidal slip, {112¯2}〈1¯1¯23〉
pyramidal slip and {101¯2}〈1¯011〉 tension twinning.
Figure 6.8 shows simulation results reproducing the experimental texture devel-
opment of type 2 specimens deformed at 300 ◦C as a function of deformation strain
(Figure 6.7). The best-fit CRSS values were 1:7:8:9:12 for basal 〈a〉 : prismatic 〈a〉 :
pyramidal 〈a〉 : pyramidal 〈c+ a〉 : twinning deformation modes. Figure 6.9 shows
texture predictions for type 3 specimens strained at 200 ◦C/10−2 s−1 and 400 ◦C/10−4
s−1 up to ε = -1.0 (cf. Figure 6.5 and Figure 6.6). The best-fit CRSS values were
1:12:8:14:16 (200 ◦C/10−2 s−1) and 1:7:7:8:12 (200 ◦C/10−2 s−1) for basal 〈a〉 : pris-
matic 〈a〉 : pyramidal 〈a〉 : pyramidal 〈c+ a〉 : twinning modes. These results are
discussed in Section 6.1.7 in connection with the experimental texture evolution to
shed light on the active deformation mechanisms and their activation stresses at dif-
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Figure 6.7: (0002)-Recalculated pole figures showing PSC texture development as a function
of deformation strain for type 2 oriented specimens. (a) AZ31 and (b) ME20. Texture
intensities are in MRD. Circled components at ε = -0.15 indicate twinning activation in
AZ31 (a) and absence of twinning in ME20 (b).
ferent temperatures.
Figure 6.8: (a) Predicted PSC texture evolution at 300 ◦C/10−3 s−1 for type 2 oriented
specimens as a function of deformation strain. The relative CRSS values are 1:7:8:9:12 for
basal : prismatic : pyramidal 〈a〉 : pyramidal 〈c+ a〉 : tension twinning. (b) Corresponding
relative activities of the used deformation modes as a function of strain.
6.1.7 Discussion
6.1.7.1 Operating deformation modes in ME20 and AZ31 during PSC
Based upon the texture evolution shown in Figure 6.5 and Figure 6.6, it is evi-
dent that the two Mg alloys (AZ31 and ME20) do not experience the same activation
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Figure 6.9: Predicted PSC textures at (a) 200 ◦C/10−2 s−1 and (c) 400 ◦C/10−4 s−1 for type
3 oriented specimens deformed up to ε = -1.0. The relative CRSS values are 1:12:8:14:16 (a)
and 1:7:7:8:12 (c) for basal:prismatic:pyramidal 〈a〉 : pyramidal 〈c+ a〉 : tension twinning.
(b) and (d) Corresponding relative activities of the used deformation modes as a function of
strain.
scenarios of slip and twinning - and possibly also - not the same recrystallization mech-
anisms, even when the deformation conditions (strain rate and temperature) were the
same.
The RE containing alloy ME20, with a type 1 starting orientation developed less
common sheet textures (relative to the AZ31 alloy) characterized by (i) maximum
intensity splitting of basal poles toward the extension direction LD (200 ◦C/10−2 s−1),
(ii) broad distribution of basal poles toward the transverse direction TD (200 ◦C/10−2
s−1 and 200 ◦C/10−4 s−1), and (iii) both LD-basal pole splitting and TD-basal pole
distribution (400 ◦C/10−4 s−1). All the above features (i, ii and iii) contribute to a
decrease of texture intensity, which is why the ME20 alloy exhibited weaker textures
than the AZ31 alloy for all deformation conditions investigated. Interesting is that
the RE texture feature (i.e. rotation of basal poles toward TD) did not show up in
the ME20 alloy, until the strain rate at 200 ◦C was decreased to 10−4 s−1 (decrease of Z).
At 200 ◦C, the texture evolution of type 1 specimens of both materials is mostly
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attributed to slip activity rather than to DRX. This is because (i) for ME20, DRX
was not much evident at 200 ◦C (Figure 6.4) and (ii) for AZ31, texture modification by
DRX during deformation was usually limited to a rotation of basal planes by 30 ◦ about
their c-axes, which did not cause any obvious changes in the (0002)-pole figure. The
presence of Ce in the microstructure of ME20 (in terms of second phase precipitates or
in terms of solute atoms) is most likely to promote activation of additional deformation
mechanisms necessary for c-axis compression, compared to the AZ31 alloy, which in
turn will contribute to the corresponding weak and uncommon texture development
in Figure 6.5 and Figure 6.6. At 400 ◦C, both alloys were liable to DRX resulting in
globular microstructures, yet only AZ31 was subject to grain growth, which explains
the sharp texture intensity after deformation with the slowest strain rate 10−4 s−1. In
terms of slip activity, the hard-to-activate slip systems (particularly, 〈c+ a〉-pyramidal
slip) become thermally activated in both alloys. Hence, the difference in the texture
development in both alloys at 400 ◦C, in particular at 10−4 s−1 is probably related
to recrystallization and grain growth and not to differences in operating deformation
mechanisms.
For specimens of type 2, the starting orientation (c-axes parallel to LD) was favor-
able - in terms of Schmid factor and deformation geometry - for tension twinning and
〈c+ a〉-pyramidal slip. By contrast, 〈a〉-slip was suppressed in the majority of grains
oriented close to LD (due to the plane strain geometry), but was, however, possible
in grains of the scatter component of the texture. As in type 1, the two Mg alloys
showed considerable differences in their PSC texture development. These differences
lie mostly in the basal pole splitting toward the LD, observed in each case except for
the deformation at the highest Z (200 ◦C/10−2 s−1), where a single peak basal compo-
nent was formed.
In the current investigations the formation of the textures shown in Figure 6.5 and
Figure 6.6 for type 2 specimens could result from a combination of tensile twinning and
〈c+ a〉-pyramidal slip, that would first rotate the initial LD-component to the center
of the basal pole figure (twinning), and then rotate the basal poles by 20 ◦-30 ◦ from
ND toward LD (〈c+ a〉-pyramidal slip). However, the same texture development could
also be expected by a combination of 〈a〉 and 〈c+ a〉-slip; i.e. without engaging tensile
twinning. To clarify which of the two possible scenarios is responsible for the texture
development in specimens of type 2, additional PSC tests were carried out up to se-
lected final strains to capture the texture development at low and intermediate strains.
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Figure 6.7 shows an example of texture development at 300 ◦C/10−3 s−1 as a func-
tion of true strain. It is evident that after 5% deformation both alloys still have main-
tained their initial texture. However, at ε = -0.15 a new basal texture component,
typically ascribed to tensile twinning, is observed in the deformed AZ31 specimen,
but not in the counterpart ME20 specimen, where the orientation remains very close
to the initial orientation shown in Figure 6.2. In addition, the scatter component of
the initial prismatic LD-orientation (AZ31) seems to rotate toward the CD, where
the newly formed twinning component is located. At this point the texture intensity
decreases by 60%. At ε = -0.4, more grains in the AZ31 alloy are rotated by basal
〈a〉-slip away from LD toward the CD resulting in two new peak components at ±65 ◦
from CD (CD-LD-plane). For ME20, a similar trend is observed in terms of gradual
basal pole rotation from LD to CD. The resulting double peak RE-texture typifies a
clear tendency for a broad c-axes distribution in the TD. With increasing deformation
up to ε = -0.7, the rotated texture components by basal slip in the AZ31 alloy merge
with the twinning component (first observed at ε = -0.7) to form a double peak basal
texture. At ε = -1.0 all remnants of the initial prismatic orientation have already
converged to the double-peak basal texture formed earlier, which causes a significant
increase of texture intensity (4.2 → 7.2 MRD). At a very large strain ε = -1.5 the
double peak texture is replaced by a single peak basal texture with a broad basal pole
distribution toward the LD. For ME20, an increase of deformation strain from -0.4 to
-1 gave rise to a larger LD → CD rotation, yet both texture components about TD
remained apart. A coalescence of these two components is only achieved at very high
deformation of ε = -1.5.
Corresponding texture predictions in Figure 6.8 show good qualitative and quan-
titative agreement with the experimental texture evolution in Figure 6.7, particularly
with respect to the progress of texture transformation from a prismatic orientation
into a double peak split-basal orientation. It is also evident that the observed texture
modification does not involve tension twinning, and that it is basically due to a com-
bination of basal, prismatic and 〈c+ a〉-pyramidal slip activation (Figure 6.9b). The
activity of non-basal slip modes; prismatic and 〈c+ a〉-pyramidal slip decreased after
ε = -0.15, and the activity of basal slip mode increased owing to texture softening. It
is noteworthy that at a large strain of -1.5 the model predicted a broad TD-scatter
component that was not part of the experimental texture.
The starting orientation of type 3 specimens was only favorable for prismatic and
pyramidal 〈a〉 slip, whereas tension twinning, basal slip and 〈c+ a〉 pyramidal slip were
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suppressed, either due to a very low Schmid factor or due to the lateral constraints
of the channel-die. For AZ31 and unlike the previous case of type 2, the deforma-
tion textures here were not strongly different from the initial orientation. A rotation
trend from TD toward CD, possibly by a combination of pyramidal 〈a〉 and basal slip
was evident, though it was not sufficient enough to replace the original TD-texture
component by a new CD-component. The rotation TD → CD was less evident when
the deformation temperature was raised to 400 ◦C indicating a higher activity or larger
contribution of prismatic 〈a〉-slip to deformation compared to the other competing slip
systems, pyramidal 〈a〉 and basal slip, which seemed to be more effective at 200 ◦C.
However, the main texture component (with the maximum intensity) remained very
close to TD. By comparison, the ME20 alloy showed obvious propensity for shifting
the maximum intensity of the initial TD-texture component toward a new orienta-
tion located on the 〈101¯0〉 LD fiber, at approx. ±60 ◦ from CD. Since in ME20 the
maximum intensity of the initial texture component was reoriented during high Z de-
formation, and not only the scatter component as in AZ31, it can be assumed that the
RE element Ce in the ME20 alloy somehow amplifies the role of pyramidal 〈a〉-slip over
prismatic slip by changing its relative activities. When pyramidal 〈a〉-slip is active,
grains that can readily be deformed by prismatic slip, get their c-axes rotated away
from TD toward CD, so that they become favorably aligned for deformation by basal
slip. For low Z deformation (at 400 ◦C), both prismatic and pyramidal 〈a〉-slip seemed
to be equally important, as both corresponding texture components were present in
the textures at a strain of -1.0.
The above view is substantiated by the simulation results shown in Figure 6.9 for
type 3 specimens strained at 200 ◦C/10−2 s−1 and 400 ◦C/10−4 s−1 up to ε = -1.0. The
results reveal that at low deformation temperatures and high strain rates (200 ◦C/10−2
s−1) pyramidal 〈a〉-slip was much more important than prismatic slip. In fact, at the
beginning of deformation it was even more important than basal slip, which was im-
peded due to the initial orientation (Figure 6.9b). With increasing strain, more grains
were rotated to assume a 〈11¯01〉 orientation (Figure 6.9a), which was translated into
a decrease in the pyramidal 〈a〉-slip activity and increase in the basal slip activity
(Figure 6.9b). For plane strain deformation at elevated temperatures and low strain
rates (400 ◦C/10−4 s−1) Figure 6.9d indicates a strong competition between pyramidal
〈a〉-slip and prismatic slip, particularly during incipient deformation up to ε = -0.2.
At higher strains, basal slip became equally important, and the deformation continued
under combined activation of all three slip modes. Under such condition, basal slip
will try to rotate the 〈11¯01〉 component toward CD, thus, forming a basal orientation,
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while prismatic slip will try to rotate the same component toward TD, thus strength-
ening the preexisting prismatic TD-texture. Hence, it becomes obvious that pyramidal
〈a〉-slip plays a compensating role preventing the PSC texture from turning into either
basal or prismatic texture. In such a case it is also obvious that the deformation does
not require any deformation mode along the c-axis, such as pyramidal 〈c+ a〉-slip,
which is considered here as a secondary deformation mode. A comparison between the
experimental and simulated {101¯0}-pole figures reveals that the model predicted an
additional 〈101¯0〉 CD component that is related to the actual 〈101¯0〉 LD component
by 30 ◦ rotation about the c-axis Figure 6.9c).
6.1.7.2 Dynamic recrystallization in the ME20 alloy
Figure 6.10a and b show two EBSD maps of ME20 alloy (type 2 orientation) de-
formed by PSC at 300 ◦C and 10−3 s−1 up to ε = -1.0. The microstructure imaged by
EBSD corresponds to the optical microstructure shown in Figure 6.4d. From the grain
boundary map in Figure 6.8b it is obvious that grain boundary nucleation leads to the
formation of a typical necklace-type structure of fine recrystallized grains (high angle
boundaries; HABs) along the original boundaries of deformed elongated grains (com-
prising a substructure of low angle boundaries LABs in their interior). The complex
role of second phase particles in the PSC microstructure development is difficult to
determine. Ce-containing particles (1-4 µm) could facilitate DRX by particle stimu-
lated nucleation (PSN). However, no such indication was evident in the microstructure.
On the other hand, the homogeneously distributed fine particles could very much sup-
press DRX; i.e. increase the recrystallization temperature. Whether the observed grain
boundary nucleation of DRX occurred by grain boundary bulging forming HABs (dis-
continuous mechanism) or also by transformation of subgrain boundaries into HABs
(continuous mechanism) is difficult to determine.
As mentioned earlier, fine dispersed particles (particle size below 200 µm) hinder
dislocation motion or recovery, which is necessary for the above mentioned continu-
ous mechanism, also referred to in the literature as continuous DRX (CDRX) [54].
In addition, fine particles can as well hinder grain boundary migration (Zener drag),
which is essential for discontinuous DRX (DDRX) taking place by nucleation and nu-
cleus growth. Figure 6.10c and e show basal pole figures (raw and contour data) of
deformed and recrystallized grains, respectively. The RX texture component seems
to be composed of similar orientations to the ones revealed in the deformation tex-
ture component, namely basal pole splitting around TD, as well as other, random
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Figure 6.10: EBSD data of ME20 produced by PSC at 300 ◦C/10−3 s−1 up to ε = -1.0.
(a) Euler map superimposed on a band contrast map; (b) grain boundary map. High angle
boundaries (>15 ◦) are shown in black, low angle boundaries (LABs) with misorientations
between 5 ◦ and 15 ◦ in red and LABs smaller than 5 ◦ in yellow. (c) and (e) are basal pole
figures showing single orientation raw data (left) and contour data (right) of deformed and
recrystallized regimes of the microstructure, respectively. (d) and (f) are examples of cumu-
lative and point-to-point misorientation angles measured along deformed and recrystallized
regions.
orientations that appear scattered throughout the whole (0002) pole figure. Usually,
CDRX is not associated with significant changes in orientation of the deformation
texture, whereas DDRX often introduces a random component to the strong defor-
mation texture. It is hence proposed that both types of recrystallization mechanisms
contribute to the microstructure development of hot deformed ME20 at 300 ◦C Figure
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6.10d and f show examples of misorientation profiles determined within deformed and
recrystallized regions of the microstructure, respectively. Deformed grains reveal large
misorientation gradients, relative to the first measured point, as high as 15 ◦. Within a
recrystallized region of HABs, it is typical that a misorientation profile shows abrupt
changes within short distances (here 30 µm).
6.2 Uniaxial compression
6.2.1 Experimental procedure
Cylindrical samples (φ10 × 15mm) were wire cut from the rolled ME20 plate. The
compression axis of the specimen was parallel to the rolling direction, as shown in
Figure 6.11. Compression tests were carried out at various deformation conditions, i.e.
at deformation temperature of 200 ◦C to 450 ◦C and at constant strain rates of 10−1
s−1 to 10−4 s−1 respectively, which covered a wide processing window. The specimens
were heated from top and bottom, up to the desired temperature by electric resistance
heating. A total of true strain = -1.0 was obtained in compression. Specimens were
quenched after deformation to maintain the deformed microstructure for further in-
vestigation.
Figure 6.11: Schematic illustration of the orientation of specimen used for compression test,
compression direction (CD) is parallel to the rolling direction. (b) Measured inverse pole
figure (IPF) indicating the initial texture of the compression test sample before loading.
6.2.2 Texture evolution
The initial texture of the compression test sample before loading is given by the
inverse pole figure in Figure 6.11b. The texture comprises two orientations (repre-
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sented by radial α angle and azimuthal β angle), at about (α=68, β=0) and (α=90,
β=30) respectively. Given that the poles at (α=0, β=0), (α=90, β=0), (α=90, β=30)
are 〈0001〉, 〈101¯0〉 and 〈112¯0〉, Miller-Bravais indices can be calculated for any α and
β angles. For the initial texture, compression direction is aligned with 〈303¯2〉 and
〈112¯0〉 directions for most grains. For the first orientation, it is commonly described
as “soft” orientation as it is favorable for dislocation slip on different planes. For the
latter orientation, basal planes were distributed preferably parallel to the compression
direction CD. In terms of deformation mechanisms, this orientation is favorable for
both dislocation slip and twinning.
The deformation textures of specimens on the compression plane after deformation
at different temperatures and strain rates exhibit various orientation distribution and
intensity. For compression at 300 ◦C at various strain rates, textures after deforma-
tion were quite different from the initial texture. None of the initial two orientations
〈303¯2〉 and 〈112¯0〉 CD remained. Macrotextures in Figure 6.12 show only one pre-
ferred orientation near 〈0002〉 pole. Especially for that shown in Figure 6.12a, the
strong intensity of basal axis parallel to the compression direction indicates that twin-
ning is activated besides dislocation glide. For the initial 〈112¯0〉 CD orientation, the
compression direction is aligned with basal plane while after deformation it is almost
perpendicular to the basal plane. The large roation of basal plane results from the
86 ◦〈112¯0〉 reorientation of {101¯2} tensile twinning. For the deformation texture after
compression at 300 ◦C with strain rates of 10−2 s−1 and 10−3 s−1, there is no remant
of the initial 〈112¯0〉 CD orientation, but 〈0001〉 pole is not aligned with the strong
peak, indicating that there is little twinning at this deformation condition, and thus,
the initial 〈112¯0〉 CD has undergone crystallographic slip. Strain rate has an evident
influence on the intensity and distribution of orientations. As the strain rate de-
creased, maximum intensity decreases, and scattering of orientations becomes larger.
Only at the deformation condition of 300 ◦C with strain rate of 10−4 s−1, another less
pronounced orientation near 〈112¯0〉 appears besides the major component. For the
strongest intensity, it shifts away from 〈0001〉 pole from about α=14 ◦ at 10−1 s−1 to
α=28 ◦ at 10−4 s−1. It is noteworthy that in Figure 6.12 not only the 〈112¯0〉 CD ori-
entation is preserved, but also there is intensity spread at α=90 ◦ from β=0 ◦ to β=30 ◦.
For compression at 400 ◦C with various strain rates, textures are different from
those for compression at 300 ◦C in the aspect of qualitative character and also inten-
sity. There is a minor component of 〈112¯0〉CD for all strain rates at 400 ◦C, indicating
that there is no or little twinning during compression. The texture intensities are
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Figure 6.12: Inverse pole figures deformed at 300 ◦C : (a) 10−1 s−1, (b) 10−2 s−1, (c) 10−3
s−1 and (d) 10−4 s−1.
lower than that of the texture for compression at 300 ◦C. Similarity between the tex-
ture describled in Figure 6.13 is that all the texture after compression at whole range
of strain rates possess continuous spread of intensity at α=90 ◦ and β from 0 ◦ to 30 ◦.
For compression at 350 ◦C with various strain rates, textures are much similar to those
for compression at 400 ◦C in the aspect of qualitative characteristics.
Figure 6.13: Inverse pole figures deformed at 400 ◦C : (a) 10−1 s−1, (b) 10−2 s−1, (c) 10−3
s−1 and (d) 10−4 s−1.
For compression at 450 ◦C with various strain rates, texture for compression at 10−4
s−1, 450 ◦C is distinctly from those for other deformation conditions (Figure 6.14). The
maximal intensity happens at (α=90 ◦, β=30 ◦), i.e. 〈112¯0〉CD, which remains from the
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Figure 6.14: Inverse pole figures deformed at 450 ◦C : (a) 10−1 s−1, (b) 10−2 s−1, (c) 10−3
s−1 and (d) 10−4 s−1.
initial orientation. Another strong orientation is located between α=38 ∼ 50 ◦, β=0 ◦,
which shifts away from the initial orientation (α = 58 ◦, β=0 ◦) to the basal axis. Since
the intensities of the two peaks are both low, there is actually no preferred orientation
after deformation. It was found that by comparing the α angles that the preferred
orientation shifts away from the basal axis as strain rate decreases and temperature
increases. The maximal intensity decreases as strain rate decreases and temperature
increases because they provide either longer time for recovery and recrystallization or
higher thermal activation which both have contribution to orientation randomization.
6.2.3 Flow behavior
The true stress–strain curves of uniaxial compression under different temperatures
and strain rates are shown in Figure 6.15. It is obvious that at 200 ◦C and 250 ◦C
(Figure 6.15a and b) the material has poor formability exhibiting itself in high yield
strength (approx. 60 MPa), steep slope of flow curve showing strong hardening rate
during deformation. Other noticeable characteristics of flow curves in Figure 6.15a and
b are the large strain range of hardening, and the peak shape flow curve at 250 ◦C/10−4
s−1, which is indicative that recrystallization happens at this deformation condition.
At 250 ◦C, low strain rates resulted in the disappearance of the stress peak.
It can be seen that under the deformation temperature of 300 ◦C and 350 ◦C, flow
curves differ with each other for different strain rates, especially for flow curves with
the strain rate of 10−1 s−1. At the deformation temperature of 300 ◦C, it exhibits
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Figure 6.15: True stress–true strain curves of the uni-compression with temperature ranging
from 200 ◦C to 450 ◦C at strain rates of (a) 10−1 s−1, (b) 10−2 s−1, (c) 10−3 s−1 and (d) 10−4
s−1.
distinct strain hardening before steady flow, and at the deformation temperature of
350 ◦C, strain hardening keeps to the end. For flow curves obtained under the temper-
ature of 400 ◦C and 450 ◦C, they are more or less the same for different strain rates,
i.e. steady state flow.
In terms of strength, material yields at lower stress with increasing deformation
temperature or decreasing strain rate. Apparently, 200 ◦C is not an ideal deforma-
tion temperature for magnesium during uniaxial compression tests. Flow stress for
deformation at 250 ◦C is noticeably higher than that at other temperatures at all the
four strain rates applied. For specimens compressed at 300 ◦C, 350 ◦C with the strain
rate of 10−4 s−1, flow curves show pronounced peak stress and then decrease gradually
before reaching a steady stress. The peak shape flow curves results from the compe-
tition between strain hardening caused by dislocation motion, pile up, and softening
caused by dislocation rearrangement and annihilation. At elevated temperatures, in
case of 400 ◦C and 450 ◦C, softening prevails due to thermal activation, peak is less
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pronounced. By comparison with the steady flow stress, it can be concluded that from
the deformation temperature of 250 ◦C to 300 ◦C and 300 ◦C to 350 ◦C there is large
decrease of the flow stress. This can be ascribed to extensive prismatic slip at temper-
ature above 200 ◦C [166], whereas at above 350 ◦C, pyramidal 〈c+ a〉 slip is activated
[45, 167].
Processing map is plotted to study deformation efficiency and stability at various
deformation conditions. It is established by Prasad et al. [168, 169, 170] based on the
dynamic materials model. According to Ref[168], the efficiency of power dissipation η
represents the characteristics of power dissipation through microstructure transition,
and it is defined as:
η =
2m
m+ 1
(6.1)
m is strain rate sensitivity as in
σ = Kε˙m (6.2)
where σ is the flow stress, ε˙ is the strain rate, and K is a constant. The instability
criterion is proposed on the basis of the extremum principles of irreversible thermody-
namics applied for large plastic flow body, which is expressed as follows:
ζ(ε˙) =
∂ ln
m
m+ 1
∂ ln ε˙
+m < 0 (6.3)
Figure 6.16 displays the processing maps at different strain levels (ε=0.1, 0.3, 0.5,
0.7). Lines with numbers on them are contour lines of efficiency of power dissipation
at various temperatures and strains. Shaded area signals the area where instability
parameter is negative, i.e. in these temperature and strain rate ranges, material flows
unstably which generally manifests in the form of adiabatic shear bands or flow local-
izations in the microstructure [171].
In general, there are some features found as follows:
1. The efficiencies of power dissipation are similar for different strains, whereas the
instability zones vary a lot.
2. The efficiency of power dissipation achieves its highest values at intermediate Z
value (300 ◦C/10−4 s−1 and 400 ◦C/10−3 s−1). The lowest values appear always
at 200 ◦C with strain rate of 10−1 s−1.
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3. The instable zone (shaded area) composes of three parts at the true strain of
-0.1 and merge into one at the true strain -0.3, which possess the largest instable
area among four strains. Then the instable zone area decreases with increasing
true strain.
Figure 6.16: Process map of ME20 under uni-compression at the true strains of (a) –0.1,
(b) –0.3, (c) –0.5 and (d) –0.7.
At the strain level of -0.1, the line for η=0 cuts diagonally in the middle of the
processing map. Deformation temperature of 300 ◦C and 350 ◦C, strain rate of 10−1
s−1 result in a negative efficiency of power dissipation value which is reasonable when
combined with the flow curves for these deformation conditions. In Figure 6.16a at
the strain of 0.1, flow curves for 300 ◦C and 350 ◦C (10−1 s−1) are in the regime of
strain hardening where twinning might happen, much energy is dissipated through
plastic deformation rather than microstructure transition. The fact that for 200 ◦C
and 250 ◦C all strain rates result in negative η values can be rationalized in the similar
manner.
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At a strain level of –0.7 a steady flow behavior can be seen in Figure 6.15 was
achieved. Processing map (Figure 6.16) shows that deformation conditions are of
higher efficiencies of power dissipation compared with those from other strain levels.
Especially in the regime of temperature above 300 ◦C and strain rate below 10−3 s−1.
At steady flow state, material has undergone recrystallization, i.e. reconstructuction
of the microstructure and modification of orientation. More and more energy is con-
sumed by microstructure transition as strain becomes larger which results in a large
value of efficiency of power dissipation.
6.2.4 Discussion
6.2.4.1 Deformation mechanisms
Dislocation glide in magnesium alloys takes place most easily on the basal plane.
For the specimens which have the initial orientation of 〈303¯2〉CD and 〈112¯0〉CD (Fig-
ure 6.11), 〈303¯2〉CD component is favored for basal slip and prismatic slip, but since
〈303¯2〉 is closely aligned with 〈101¯1〉 and 〈101¯2〉, which are normal to the slip plane
of first order pyramidal slip, Schmid-factor for pyramidal slip system is close to zero,
making it hard to be activated at this orientation unless at high temperature or large
stress. For 〈112¯0〉CD orientation, basal plane is aligned with the loading direction,
resolved shear stress on basal plane is practically zero. Hence basal slip will not be
activated for this component. Prismatic slip and pyramidal slip are possible from
a Schmid-factor perspective but only at elevated temperatures. However, mechani-
cal twinning provides additional contribution to deformation besides crystallographic
slip. Especially for 〈112¯0〉CD orientation, c-axis is perpendicular to the compression
axis, rendering tension twinning orientation favored. However, tension twinning oc-
curs unlikely with crystals of 〈303¯2〉CD because the resulting c-axis extension does not
accommodate compression deformation. Which deformation mechanism stated above
dominates the plastic flow depends largely on the deformation temperature and strain
rate in this work.
At 200 ◦C, prismatic slip is thermally activated but does not seem to operate ex-
tensively. Taken crystal orientation into consideration, active deformation mechanism
may be basal slip and twinning. From the flow curves at 200 ◦C and different strain
rates, there is very steep and long strain hardening range, indicating twinning activa-
tion. When deformation twinning proceeds, firstly, certain energy is required to create
twin boundary which is overcome by applying higher stress. Secondly, after twinning
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activation, the twinned part undergoes an 86 ◦〈112¯0〉CD rotation, i.e. from 〈112¯0〉CD
to about 〈0001〉CD. For the new orientation, basal slip and prismatic slip can hardly
be activated because of the nearly zero Schmid factor, and pyramidal slip can only be
activated at elevated temperature or very large stress at this temperature. In this case,
by no means material can accommodate the strain, so the material hardens and flow
stress increases rapidly with strain which manifests itself by a steep slope in the flow
curve. Before the critical resolved shear stress for pyramidal slip is reached, dynamic
recrystallization occurs, reducing the dislocation density and softening the material,
consequently there is a peak stress in the flow curve.
At 250 ◦C, the slope of hardening is lower than at 200 ◦C. Reason for this might be
that prismatic slip is operated at about 177 ◦C and becomes extensive above 225 ◦C
[166], providing an additional mechanism for deformation. Steady flow stress can be
reached at low strain rate (10−3 s−1 and 10−4 s−1), as a consequence of higher thermal
activation, which accelerates the process of dynamic recrystallization.
At 300 ◦C with strain rate of 10−1 s−1, there is a large hardening regime in the
flow curve, indicating that twinning occurs at this deformation condition. The initial
〈112¯0〉CD orientation was preserved at 300 ◦C with strain rate of 10−4 s−1, whereas
it vanished at other three strain rates. At the strain rates of 10−2 s−1 and 10−3 s−1,
strong peak in the inverse pole figure shifts to higher α angle, indicating that twinning
is no longer active at this condition. As mentioned before, prismatic and pyramidal
slip are possible deformation mechanisms of such condition. However, prismatic slip
{101¯0}〈112¯0〉 should lead to the alignment of 〈101¯0〉 pole with compression direction
which is not the case as can be seen from the IPF. This distinction of the 〈112¯0〉CD
orientation should be realized by second order pyramidal slip {112¯2}〈112¯3〉. This is
consistent with earlier reports that second order pyramidal slip operates slightly at
300 ◦C and extensively at 400 ◦C [172]. At the strain rate of 10−4 s−1, the 〈112¯0〉CD
orientation is preserved, and there is intensity spread at (α=90 ◦, β=0 ∼ 30 ◦) with
〈112¯0〉 pole of higher intensity. It can be inferred that crystals in this orientation un-
derwent some prismatic slip. Another explanation as shown in the flow curve for the
condition (300 ◦C/10−4 s−1), single peak appears which is indicative of recrystalliza-
tion. And it is reported that recrystallization produces a 30 ◦〈0001〉 rotation during
nucleation and grain growth of recrystallized grains in materials of hexagonal crystal
structure [171].
The initial 〈303¯2〉CD orientation disappeared by moving from α∼=68 ◦ to lower α
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angles. The α angle of the final orientation increases as strain rate decreases. At
300 ◦C, basal slip {0002}〈112¯0〉 and prismatic slip {101¯0}〈112¯0〉 are possible for this
orientation. The former would result in 〈0001〉CD and the latter 〈101¯0〉CD. Since
the deformed texture shows a peak at (α<68 ◦, β=0 ◦) i.e. between the 〈303¯2〉 pole
and 〈0001〉 pole, basal slip is the main mechanism for crystals at this orientation. In
Figure 6.12, there is weak orientation spread in the range of (α: 50 ∼ 80 ◦, β: 0 ∼ 30 ◦)
which does not exist in the IPF for the deformation at 300 ◦C with strain rate of 10−1
s−1. This can be rationalized as an active role of prismatic slip at lower strain rate.
Besides the low intensity spread at higher α angles, prismatic slip also contributes to
the shift of peak intensity to higher α angles as a consequence of its larger influence
on the 〈0001〉CD texture due to basal slip as strain rate decreases. Therefore, it can
be concluded that twinning and basal slip are dominating deformation mechanisms at
300 ◦C with strain rate of 10−1 s−1. Second order pyramidal slip {112¯2}〈112¯3〉, basal
slip and prismatic slip {101¯0}〈112¯0〉 are active at 300 ◦C with strain rate of 10−2 s−1,
10−3 s−1 and 10−4 s−1.
The textures at 350 ◦C resemble that for deformation at 300 ◦C with strain rate
of 10−4 s−1 in qualitative characteristics, conveying that similar procedures. Varia-
tion is found in IPF for deformation at 350 ◦C with strain rate of 10−4 s−1 where the
position (α=60 ∼ 70 ◦, β=0 ◦) is of higher intensity than the same position in other
IPFs. Considering one of the initial orientation is 〈303¯2〉CD at (α=68 ◦, β=0 ◦), it
can be concluded that at the deformation condition (350 ◦C/10−4 s−1) some grains
with the initial orientation of 〈303¯2〉CD have preserved their orientations. At elevated
temperatures of 400 ◦C and 450 ◦C, the texture shows little variation in the perspec-
tive of qualitative characteristics, until at the deformation condition of lowest Z value
(450 ◦C/10−4 s−1) virtually random texture is achieved, which indicates that dynamic
recrystallization has weakened the texture.
6.2.4.2 Dynamic recrystallization
Dynamic recrystallization contributes to material softening by forming dislocation
free grains at the expense of deformed microstructure where dislocation, twinning are
created by strain. The competition of strain hardening and material softening can be
visualized in flow curves as a peak stress. Dynamic recrystallization also manifests
itself in texture evolution where orientation intensity becomes weaker with decreasing
Z as recrystallized grains acquire new orientations, and there is a 30 ◦〈0001〉 rotation
as reported.
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The optical microstructure shown in Figure 6.17 reveals the degree of recrystalliza-
tion. At 300 ◦C with strain rate of 10−3 s−1, shear bands and twins are not observed.
The microstructure exhibits a bimodal grain size distribution and appeared to be com-
posed of coarse deformed grains and fine recrystallization nuclei. The recrystallization
nuclei have the characteristics of (1) small grains in the shape of polygon with straight
boundary, (2) serrated boundaries as can be seen in Figure 6.17b. At 350 ◦C with
strain rate of 10−3 s−1, recrystallized grains are smaller compared to micrograph in
Figure 6.17a. At 400 ◦C with strain rate of 10−2 s−1, the microstructures is composed of
equiaxed grains with homogeneous distribution associated with fine grain size. When
the strain rate decreased to 10−3 s−1, normal grain growth takes place with average
grain size about 25 µm (Figure 6.17d).
Figure 6.17: Micrographs showing the deformation microstructure of specimens deformed
at : (a) 300 ◦C/10−3 s−1, (b) 350 ◦C/10−3 s−1, (c) 400 ◦C/10−2 s−1 and (d) 400 ◦C/10−3 s−1.
As mentioned before, flow behavior, texture evolution and recrystallization strongly
depends on deformation conditions expressed by the in Zener-Hollomon parameter:
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Z = ε˙ exp(Q/RT ) (6.4)
ε˙ is deformation strain rate, Q is the activation energy, R is the gas constant, and T
is the deformation temperature. Among the four parameters, ε˙ and T are independent
variables. Q is material property which symbolizes the energy barrier atoms have to
overcome for jumping to the next position. The likelihood of recrystallization can be
evaluated by the value of the activation energy Q.
There are semi-empirical models describing the relations of Z parameter and σ for
various conditions [173]:
1. low stress:
Z = A1σ
n′ ln ε˙ = lnA1 − Q
RT
+ n′ln σ (6.5)
2. high stress:
Z = A2 exp (βσ) ln ε˙ = lnA2 − Q
RT
+ βσ (6.6)
3. semi-empirical relation according to Sellars and Tegart [174]:
Z = A3[sinh(ασ)]
n ln ε˙ = lnA3 − Q
RT
+ n ln[sinh(ασ)] (6.7)
For the selection of stress values, two sets of σ values are determined. Flow stresses
σ0.1 of from 200
◦C to 450 ◦C at all strain rates are chosen as representation for instable
material flow state, because at the strain of 0.1 most flow curves are at the hardening
regime as can be seen in Figure 6.15. Flow stress σ0.7 of from 300
◦C to 450 ◦C at
all strain rates are chosen as representative for steady material flow state. Equation
6.8 is more commonly used describing the relation between flow stress, temperature,
and strain rate. In order to calculate the activation energy Q, ln[sinh(ασ)] is plotted
against ln ε˙ , and 1/T respectively (Figure 6.18), it is then calculated as following:
Q = R ·
(
∂ ln ε˙
∂ ln[sinh(ασ)]
)
T
·
(
∂ ln[sinh(ασ)]
∂( 1
T
)
)
ε˙
(6.8)
The activation energies for both cases are calculated using Eq 6.8 for each line.
Average values give that for instable material flow, the activation energy Q is 109
kJ/mol·K, and for steady material flow, the activation energy is 73 kJ/mol·K. The cal-
culated values are both smaller than the self diffusion activation energy 135 kJ/mol·K
[174]. The activation energy at steady material flow state is even smaller than that
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Figure 6.18: Linear fitting of ln[sinh(ασ)] vs ln ε˙ at different temperatures and ln[sinh(ασ)]
vs 1000/T at different strain rates (s−1). (a) and (b) for σ0.1, (c) and (d) for σ0.7.
at instable material flow state which may result from the fact that there are more
obstacles created during material flow for atomic movement in the latter case.
6.3 Conclusions
1. ME20 and AZ31 magnesium alloys yield largely different plastic flow behavior,
microstructure and texture development during PSC at different temperatures
and strain rates.
2. Owing to its precipitate-containing microstructure ME20 Mg alloy sheet has
a higher recrystallization temperature and lower propensity for {101¯2} tensile
twinning during in-plane compression than the AZ31 alloy. Both aspects con-
tribute to a unique sheet texture development not seen in common Mg sheet
alloys.
3. During c-axis compression of the ME20 alloy sheet at elevated temperatures and
142 6. Elevated Temperature Deformation Behavior : Compression Tests
low strain rates a new sheet texture can be expected instead of the common
basal texture. This new texture is characterized as weak and soft with respect
to easy slip conditions during post processing.
4. During in-plane compression of the ME20 sheet (c-axis extension along LD) ten-
sile twinning was hindered by the second phase particles and the deformation was
carried out primarily by basal slip assisted by prismatic and 〈c+ a〉-pyramidal
slip. This gave rise to a final double peak off-basal texture.
5. For in-plane compression of the ME20 sheet (c-axis extension along TD) it is sug-
gested that Ce amplifies the role of pyramidal 〈a〉-slip over prismatic slip at low
deformation temperatures close to 0.3 Tm. The anticipated role of prismatic slip
in deformation becomes equally important only during deformation at elevated
temperatures (0.6 Tm).
6. For the RDCD specimens, under compression condition, material is of poor
formability at the 200 ◦C and 250 ◦C. Twinning and basal slip are dominated
deformation mechanisms at 300 ◦C with strain rate of 10−1 s−1. Basal slip, pyra-
midal slip and prismatic slip are active at low Z values.
7. As Z parameter decreases (high temperature and low strain rate), texture after
deformation becomes close to the initial texture, indicating less reorientation of
grain.
8. The activation energy Q is calculated to be 109 kJ/mol·K for instable material
flow state, and 73 kJ/mol·K for steady material flow state which are lower than
pure Mg for self diffusion in magnesium.
Chapter 7
Influence of Single RE Additions
on the Deformation Behavior
Magnesium sheets are known to exhibit relatively poor room temperature ductility
and high planar anisotropy. By contrast to typical wrought Mg sheets (e.g. AZ31,
AM50) which develop sharp deformation textures associated with strong mechanical
anisotropy, Mg alloys containing rare earth (RE) elements develop much weaker and
less common textures. The RE elements of interest were chosen for their different solid
solubility in magnesium, which was expected to entail considerable distinctions in the
deformation and recrystallization behavior. The addition of such RE elements to rolled
sheet achieves both of these goals: RE elements strongly retard recrystallization, re-
fine the grain size, weaken the texture, and enhance ductility. This chapter elucidates
the influence of dilute RE additions to magnesium on the basis of unique texture and
microstructure development resulting from different deformation behavior, as well as
RE–related promotion of difficult deformation mechanisms.
7.1 Experimental procedures
The investigated Mg–RE alloys are based on the technical ZK system containing
Zn and Zr. Zirconium is used as a grain refiner for further improvement of the me-
chanical properties. The alloys were prepared from high purity Mg, Zn and a Mg–33
wt.% Zr master alloy casted in laboratory of IMM. The alloys were produced by induc-
tion melting furnace under a protective gas atmosphere of Ar/CO2 and casting into a
preheated copper mold, which is adequate for magnesium melting because of the low
solubility of Cu in Mg. The cast billets were homogenized at 450 ◦C for 12 h and then
immediately quenched in water. The Inductively Coupled Plasma Atomic Emission
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Table 7.1: The chemical compositions of Mg–Zn alloys containing RE in the present
study (wt. %)
Alloys Zn Zr Ce La Nd Gd Pr(ppm) Fe(ppm) Mg
Mg–1Zn–1Ce 0.68 0.18 0.78 - - - - 27 Bal
Mg–1Zn–1La 0.89 0.22 - 0.69 - - - 9 Bal
Mg–1Zn–1Nd 0.61 0.27 - - 0.58 - - 26 Bal
Mg–1Zn–1Gd 0.73 0.24 - - - 0.73 - 9 Bal
Mg–1Zn–1MM 0.84 0.33 0.59 0.21 0.06 - 232 39 Bal
Spectroscopy (ICP-AES) analyzed chemical composition of the investigated alloys is
given in Table 7.1. For the rolling experiments, slabs with a dimension of 200 mm ×
50 mm × 40 mm were machined out from the billets. Warm rolling was subsequently
conducted at a nominal furnace temperature of 400 ◦C up to a final thickness of 20 mm
at a reduction of 15-20% per pass. Between rolling interval, the sheets were returned
to the furnace and reheated for 5 min to regain the rolling temperature. Following the
rolling experiments the final sheets received a recrystallization annealing at 400 ◦C for
1 h. The details for plane strain compression related to the RE containing alloys was
the same as ME20 sheet presented in Chapter 6.
7.2 Initial cast conditions
The as-cast microstructures of the investigated ZEK100 alloys obtained after ho-
mogenization treatment at 400 ◦C for 12 h are shown in Figure 7.1. Light microscopy
(LM) investigations (Figure 7.1a) revealed equiaxed grain structures with a different
average grain size for each alloy. The Ce-containing alloy showed quite a fine-grained
microstructure with equiaxed grains and a homogeneous grain size distribution (d ∼
33 µm). On the contrary, the microstructure of the Nd-containing alloy depicted an
inhomogeneous grain size distribution characterized by fine (d ∼ 24 µm) and coarse (d
∼ 80 µm) grains. Gd- and La-containing alloys showed comparable optical microstruc-
tures with average grain sizes of d ∼ 88 µm and d ∼ 96 µm, respectively. A typical
cast microstructure with Mg solid solution dendrites and interdendritic networks of
RE-containing precipitates was found in the MM-alloy.
The observed second phase precipitates in the optical micrographs were analyzed
by scanning electron microscopy (SEM) (Figure 7.1b) and energy dispersive X-ray
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Figure 7.1: Cast microstructures of the investigated ZEK100 Mg alloys containing additions
of selected RE elements. (a) Optical micrographs, (b) SEM images, and (c) corresponding
chemical analysis obtained by EDS.
spectroscopy (EDS) (Figure 7.1c). From the SEM micrographs it is obvious that the
precipitate characteristics, in terms of size, shape and distribution were subject to the
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added RE elements. In case of Ce addition, Mg-Zn-Ce precipitates were primarily
present at the grain boundaries (GB) and triple junctions (TJ) with almost a contin-
uous distribution. For the Gd-alloy, fine Mg-Zn-Gd particles were found throughout
the matrix, yet their volume fraction was diminutive. The same observation regard-
ing volume fraction of second phase precipitates holds for the Nd-containing alloy, in
which Nd was not detectable by EDS anymore due to the very fine size of particles
(< 1 µm) (magnified image in Figure 7.1c). MM- and La-alloys seemed quite different
from the other RE alloys, and showed rather complex precipitate microstructures com-
prising (i) interdendritic precipitates (ID) with a plate-like morphology (MM-alloy) or
continuous precipitates at the grain boundaries and at triple junctions (La-alloy), (ii)
randomly distributed precipitate colonies, in which a number of Mg-Zr particles were
grouped together, and (iii) high amount of fine particles, smaller than 1 µm, and some
larger particles around 6 µm that are uniformly distributed in the grain interiors (GI).
The volume fraction of fine particles is markedly higher in the MM-alloy than in the
La-alloy. The Zr-rich precipitate groups were also evident in all the other alloys.
7.3 Warm rolling and annealing
The textures and optical microstructures upon warm rolling are shown in Fig-
ure 7.2 and Figure 7.3. The textures are represented in terms of basal-{0002} and
prismatic-{101¯0} recalculated pole figures. During rolling of the RE-containing alloys,
the sheet textures developed a unique feature that is inconsistent with common rolling
textures of conventional Mg sheet (AZ31), where the orientation distribution of basal
poles is usually aligned to the sheet normal direction ND. In general, the obtained
sheet textures upon RE-alloying showed a broad distribution of basal poles toward the
transverse direction TD. In terms of texture strength, all sheet textures were of weak
intensity (between 4 and 6 MRD), which is also inconsistent with conventional sheet
texture strengths in magnesium alloys. From the {101¯0} pole figures, the prismatic
{101¯0} poles were aligned parallel to the rolling direction RD. Interestingly, Gd addi-
tion resulted in the most pronounced rolling texture modification, relative to the other
investigated RE elements. The corresponding Gd texture showed a maximum basal
pole intensity of 4 MRD located at about 40 ◦ from ND toward TD.
The texture evolution during annealing at 400 ◦C for 1 h is shown in Figure 7.2b.
In general, the annealing textures are weaker than the rolling textures, irrespective
of the added RE elements. The characteristic of the sheet basal texture, particularly,
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Figure 7.2: (a) Effect of the examined RE elements on the texture evolution during warm
rolling, (b) subsequent annealing at 400 ◦C for 1 h, and (c) tension to failure at room tem-
perature in the transverse direction of the rolled sheets. Textures are represented by means
of {0002}- and {101¯0}- recalculated pole figures.
the location of the basal pole peak intensity remained almost unchanged, with obvious
exceptions for the Nd and Gd-alloys. In both cases a qualitative sheet texture modi-
fication was observed. The annealed Nd-containing sheet showed a typical maximum
intensity of basal poles located close to ND (4 MRD), and another one (that is rather
untypical) tilted by 40 ◦ from ND toward TD (3.5 MRD). In the annealed Gd-sheet,
the peak density of basal poles was not observed in the ND-TD plane of the basal pole
figure anymore (cf. 7.2b). Instead, it was tilted away from ND by ∼ 42 ◦ toward the
circumference of the pole figure.
The rolling microstructures revealed equiaxed grains with evidence of second phase
particles, which seem to occupy the grain boundaries and grain interiors in the same
manner described in the as-cast state. Some deformation twins were also observed in
the rolling microstructures, which points out the activation of twinning during rolling.
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Figure 7.3: Optical microstructures of the investigated RE-containing alloys after warm
rolling (a), after annealing (b), and upon tension to failure at room temperature in the TD
(c). The micrographs were taken in the RD-TD plane of the sheet.
7.4 Tension tests 149
The average grain sizes after rolling ranged from ∼ 18 µm (finest for Ce-series) to ∼ 36
µm (coarsest for La-series), which translates into a significant grain refinement of ap-
prox. 63-73% of the initial grain sizes. For the MM-alloy, the dendritic microstructure
was transformed into a globular microstructure comprising a significant proportion of
RE-containing precipitates with continuous and discontinuous nature.
Figure 7.3b shows the annealing microstructures of the rolled sheets. Evaluation
of the average grain sizes (linear intercept method) indicated that the microstructures
were subject to minor grain growth. Nd and Gd-alloys seemed to be more prone to
grain growth compared with the other precipitate-containing alloys (Ce, La and MM),
wherein grain boundary motion is impeded by the second phase particles.
7.4 Tension tests
The mechanical response of the investigated sheets tested in tension at ambient
temperature is shown in Figure 7.4 in terms of typical stress-strain curves for the three
tensile directions RD, 45 ◦RD and TD. For ductility comparison, the range of max-
imum tensile strains typical for standard magnesium alloy sheets (εf = 10-17 %) is
included in the figures. The corresponding mechanical properties are plotted in Fig-
ure 7.5 for a better review. Related mechanical properties for pure magnesium and
commercial AZ31 sheets [175] are also presented for comparison.
The presented data clearly shows that the strength and ductility, and also the
planar anisotropy were subject to the added RE element. The recorded ductility
improvement over conventional Mg alloy sheet was more pronounced for some RE ele-
ments than others. In general, all rolled sheets exhibited an anisotropic yield response,
i.e. yield strength differential between the three loading directions, which is typical for
conventional Mg sheet. By contrast, the ultimate tensile strength (UTS) did not seem
to be affected by the loading direction (Figure 7.5). The highest yield stress was ob-
tained along RD and decreased toward TD, except for the Ce-case, where the lowest
yield stress was measured along 45 ◦RD from the sheet. The highest elongation-to-
fracture combined with a maximum strength 233 MPa was observed in the Gd-sheets
tested along the TD. In all cases, except for Ce, the elongation-to-fracture was lowest
for RD and greatest for TD. Nd addition led to isotropic fracture behavior, where the
fracture strains of different sheet directions were tremendously close to one another
(0.28 for the RD and 45 ◦RD direction, and 0.29 for the TD).
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Figure 7.4: Flow curves for the investigated RE-containing sheets during tensile testing at
room temperature along different sheet directions. For comparison purposes the ductility
range typical of conventional Mg sheet is highlighted in shaded bar.
During tension to failure, the texture strengths have either decreased or retained
the same intensity (Gd-alloy). All the RE-sheets except the one containing Nd showed
off-basal texture components with maximum intensity splitting of the basal poles about
the sheet normal direction ND. The amount of tilt about ND was obviously depen-
dent on the RE element, which was most prevalent in the texture of the Gd-specimen.
Furthermore, the 〈101¯0〉-directions became aligned with the tensile direction. The op-
tical micrographs of tensile specimens in Figure 7.3c showed typical appearance of a
cold deformed microstructure comprising a good proportion of deformation twins and
corrugated grain morphology. In conjunction with the deformation geometry and the
grain orientations prior to tension, some of the observed twins were possibly contrac-
tion and double twins, which could be corroborated by their morphology evident in
Figure 7.3c, being very thin and hard to detect.
7.5 Plane strain compression
The potential to improve the formability of magnesium alloys by modifying their
textures with dilute RE additions has been demonstrated in previous sections. These
added RE elements in Mg alloys resulted in high strength and creep resistance. The
RE elements exists in the form of particles or solute atoms depends on solubility. In
the present study two RE elements that are soluble in Mg, Gd and Nd, and two RE
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Figure 7.5: Overview of the room temperature tensile properties of the investigated RE
alloys and those of pure magnesium and magnesium alloy AZ31 (sheet form). TYS: tensile
yield strength at ε = 0.2 %; UTS: ultimate tensile strength.
elements that are largely insoluble, La and Ce were chosen for investigation. Ce and La
are particularly of interest because they are the major components of mishmetal which
is a commonly used addition to magnesium-based alloys. At elevated temperatures,
the formability was significantly enhanced by the multiple slip systems activation, i.e.
non-basal slip. In this section, the channel-die compression experiment was conducted
on the temperature 200 ◦C to 400 ◦C and at strain rates of ranging from 10−4 s−1 to
10−2 s−1 up to true strain –1.0. Finally, the aim of the present investigation is to
determine the deformation behavior revealed by the distinct textures evolution and
microstructures development during plane strain compression.
7.5.1 Initial conditions
The initial textures after annealing for each type of the investigated alloys are
presented in Figure 7.6 in terms of basal-{0002} and prismatic-{101¯0} recalculated
pole figures. The investigated specimen types were similar to ME20 presented in Fig-
ure 6.1. In specimen type 1, there is a strong tendency to exhibit a weak basal-type
texture in which the majority of grains are oriented such that their basal planes are
close to the surface plane of the sheet. As mentioned before, this is very uncommon
RE textures compared to conventional pure Mg and AZ31. However, there are in-
tense variations in the intensity of this basal texture, and the exact orientation of the
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highest intensity region within the basal pole figures varies significantly. The texture
intensity of basal pole is highest 4.3 MRD in La and lowest 2.2 MRD in Ce, Gd and
MM. The corresponding prismatic {101¯0} planes are therefore oriented perpendicular
to the sheet plane, but with no distinctive preferred orientation of the {101¯0} poles
within the plane of the sheet. The basal poles in these investigated alloys (except Gd)
were mostly parallel to the compression direction, with the c-axis being aligned with
the RD (type 2) or the TD (type 3). For these specimen types, the prismatic poles in
the {101¯0} pole figure were located close to compression direction (contraction in the
〈101¯0〉-directions). Gd specimens show asymmetrical distribution of initial prismatic
RD or TD components.
Figure 7.6: Starting textures obtained from hot rolled and subsequently annealed of in-
vestigated RE elements sheets presented in terms of {0002}- and {101¯0}- recalculated pole
figures.
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7.5.2 Texture evolution
Figure 7.7 shows the texture evolution of specimens type 2 upon PSC (ε = -1.0)
at 200 ◦C with a constant strain rate of 10−4 s−1. All the RE added textures are weak
basal-type textures with typical RE-feature tilted to TD and texture intensity varied
with RE elements addition. However, Ce containing specimens demonstrate a splitting
behavior of the basal poles toward RD, associated with a preferred angular spread of
basal poles toward TD, i.e. 30 ◦ from ND toward TD with 2.8 MRD. In addition,
the initial RD components was reserved in case of Ce. The basal pole exhibited a
dumbbell type basal texture associated with 20 ◦ rotation from ND toward RD in La.
Both MM- and Nd- containing specimens depicted single peak basal textures with
texture intensity of 4.1 MRD. In addition, the c-axis was rotated about 10 ◦ from ND
to RD/TD in Gd. In terms of {101¯0} prismatic poles, the textures were transformed
from initial 〈101¯0〉ND into 〈101¯0〉RD components.
Figure 7.7: Texture evolution of specimens type 2 upon PSC (ε = -1.0) at 200 ◦C with a
constant strain rate of 10−4 s−1.
Figure 7.8 shows the texture evolution of specimens type 3 upon PSC (ε = -1.0) at
200 ◦C with a constant strain rate of 10−4 s−1. The deformed textures in basal poles
were composed of RD components and newly off-basal textures (except for Gd). All
of the alloys show great tilt of basal poles from TD toward ND, which indicate an
obvious tendency for rotation toward the ND. In addition, a second weaker compo-
nent 〈0001〉RD can be obtained in most of the alloys which indicate the activation
of pyramidal 〈c+ a〉 slip systems. The basal texture intensity was 3.8 (Ce and Nd)
and 5.1 MRD (La and MM) respectively. A special case occurs in Gd series where
the initial prismatic texture is totally replaced by two splitting basal characterized
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Figure 7.8: Texture evolution of specimens type 3 upon PSC (ε = -1.0) at 200 ◦C with a
constant strain rate of 10−4 s−1.
texture components with approximately ±35 ◦ RD, and the second weaker component
〈0001〉RD disappears. In Gd containing specimens, the texture consists of off-basal
texture and newly basal type texture with texture intensity 3.2 MRD in basal pole.
In {101¯0} prismatic poles, the texture was composed of RD and ND components re-
verse order with basal poles. A part of the initial 〈101¯0〉ND orientation undergo a
30 ◦〈0001〉 rotation, developing a preferred 〈101¯0〉RD orientation. It should be noted
that the texture intensity was equivalent for basal and prismatic pole figures.
The texture evolution of different specimen types upon PSC (ε = -1.0) at 400 ◦C
with a constant strain rate of 10−4 s−1 was presented in Figure 7.9 and Figure 7.10
(AZ31 as the benchmark). In specimens of type 1, AZ31 shows a sharp basal fiber
texture without alignment preference to RD or TD (13 MRD). As evident, there are
large differences between RE-containing alloys and conventional AZ31 alloy. In Ce-
and La- containing specimens, a detached basal texture tilted from ND to RD (∼
±15 ◦) and newly weak RD components were observed. For MM- and Nd- containing
specimens, the textures were similar to Ce- and La- containing specimens, with more
pronounced TD components. The most prominent texture variation was observed
in case of Gd-containing specimen, where the original basal poles were replaced by a
prominent 〈0001〉TD texture accompanied by a second weaker component close to RD.
In all Gd containing specimen types, the texture was distinct and made up of RD and
TD components irrespective of specimen types. In specimens of type 2, most of the
deformed textures completely split into two elongated orientations (the gap depends
on the RE addition). Besides, the off-basal texture extremely elongated from ND to
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Figure 7.9: Texture evolution of different specimens: Ce, La, and MM with respect to type
1, type 2 and type 3 upon PSC (ε = -1.0) at 400 ◦C with a constant strain rate of 10−4 s−1.
Figure 7.10: Texture evolution of different specimens: Nd, Gd, and AZ31 with respect to
type 1, type 2 and type 3 upon PSC (ε = -1.0) at 400 ◦C with a constant strain rate of 10−4
s−1.
TD. Gd containing alloy reveals a tremendous alternation while the initial 〈0001〉RD
texture is totally replaced by a new texture component 〈0001〉TD, associated with a
much weaker fiber orientation. In contrast, the texture in AZ31 has less inclination
tilted to TD compared to RE containg specimens. In terms of the texture intensities,
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only Gd containing specimen depicts a large increase of the texture intensity compared
with the initial condition. In case of specimens type 3, the deformation behaviors are
quite different from that of the other two types. The specimens of added RE elements
show the similar textures, which were constituted of initial prismatic TD components
and newly RD components. Increasing the temperature suppress the rotation of the
basal poles from its TD orientation toward the ND. The distinct difference in AZ31
is short of RD components. In Gd containing specimen, the texture has pronounced
prismatic TD components textures (13 MRD). In terms of {101¯0} prismatic poles, the
texture was mainly composed of 〈101¯0〉ND and 〈101¯0〉RD components.
7.5.3 Flow behavior
The true stress-true strain curves of investigated RE containing specimens up to
true strain -1.0 during PSC at 200 ◦C with a constant strain rates of 10−2 s−1 and
10−4 s−1 were presented in Figure 7.11. The flow curves depict a concave shape with
occurrence of mechanical twinning in Figure 7.11a (except for Ce). The yielding point
varied by the different RE additions. Upon yielding, the flow curves of the four alloys
depict a lower work hardening rate at low strains, followed by a second work hardening
regime with a higher hardening rate. Therefore, the elastic modulus is greatest in Ce
and lowest in La. Obviously, there is no twinning feature observation in both type
2 and type 3, i.e. isotropic flow behavior. By contrast, Ce containing specimen still
exhibits a parabolic hardening response as typical for slip dominated deformation, and
depicts a much higher yield stress. The yield stress is twice larger in Ce than other RE
containing specimens. In specimens type 3, at the same deformation conditions, the
tendency of long elastic range reappear. The corresponding yeild stress in type 3 is
larger than type 2. This is related to different slip systems activation in both speciems
types. When the strain rate decreased to 10−4 s−1, the concave shape of flow curves in
type 2 was still observed in Nd- and Gd- containing specimens. All specimens demon-
strate a linear work hardening response, followed by a steady state strain hardening
behavior. The yielding point is very close in each RE containing specimens except Ce
(Figure 7.11c).
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Figure 7.11: True stress-true strain curves of investigated RE containing specimens up to
true strain -1.0 during PSC at 200 ◦C : at a constant strain rate of 10−2 s−1 of (a) type 2
and (b) type 3 and at a constant strain rate of 10−4 s−1 of (c) type 2 and (d) type 3.
7.6 Discussion
7.6.1 Deformation mechanisms during cold deformation
A comparison of the room temperature mechanical properties and anisotropy of
the investigated RE alloys with those of pure Mg and conventional AZ31 (Figure 7.5)
revealed the following trends:
1. The RE alloy sheets exhibited remarkably higher elongations to fracture com-
pared to those typical of pure Mg and AZ31 [175]. However, they showed modest
yield strengths of 80-120 MPa (dependent on the added RE elements), which
are comparable to the yield strengths reported for pure magnesium, but are
markedly lower than those reported for AZ31 sheet [175]. Such trend typifies a
typical strength-ductility trade-off that is difficult to avoid.
2. Despite low yield strengths caused by the RE-textures and related slip activity,
the RE sheets showed ultimate tensile strengths (UTS) of 230-240 MPa, which
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were very close to those of commercial AZ31 sheet. This “catch-up”-effect on
strength in the present RE-alloys can be attributed to enhance ductility that
prolongs the work hardening regime.
3. The plastic anisotropy response depicted by the investigated RE alloy sheets was
much distinct from that observed in conventional AZ31 sheet. In the present RE-
alloys, the yield strength was highest along the RD and lowest along the TD.
The ultimate elongation was in turn greatest along the TD and lowest along the
RD. For AZ31, these trends are entirely reverse. This was again related to the
unique sheet textures of the RE-alloys with a greater tilt of basal poles in the
TD than in the RD, which in other words means, a larger activation of basal slip
during loading in the TD than in the RD.
In all the RE-alloys of this study, the qualitative character of the sheet textures
obtained was obviously distinct from typical basal textures reported for conventional
Mg sheet. In general, the textures had a clearly broader distribution of basal poles
toward the TD, as compared with their distribution in the RD. This trend is clearly
demonstrated in Figure 7.12. With respect to texture strength, RE additions gave rise
to much weaker sheet textures relative to the texture intensities typically received after
rolling of standard magnesium alloys. A comparison between the rolling and annealing
textures of the RE-alloys revealed some distinctions in the texture character and in-
tensity. Modification of the RE-rolling texture after annealing is usually attributed to
recrystallization and not to deformation. However, during warm rolling and interme-
diate annealing the samples are also liable to recrystallization, which points out that
the mechanisms of texture modification could already nucleate during warm rolling.
Subsequent annealing at an elevated temperature of 400 ◦C for a relatively long time of
1 h provides good condition for recrystallization and possibly grain growth to impart
the modifications observed in the annealing textures. Some grain growth was evident
by an increase of the average grain size of the annealed microstructures in Figure 7.3b.
The most striking sheet texture modification upon annealing was observed in the
alloy containing Gd. Figure 7.13 represents a texture comparison between the intensity
distributions of basal poles of the investigated RE-sheets plotted as a function of tilt
along different sheet directions (RD, 45 ◦ and TD). While the alloys containing Ce,
La, Nd and MM, respectively, appeared to have similar intensity profiles (particularly
in RD and 45 ◦ directions), the Gd-containing alloy depicted a distinct angular dis-
tribution of basal poles along all investigated sheet directions. This distinct feature
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Figure 7.12: Effect of the RE elements on the spread of basal poles toward different sheet
directions shown for the La-containing sheet after annealing at 400 ◦C for 1 h. The pole
intensity is represented by multiples of a random distribution.
is characterized by off-basal peak intensity in the southern hemisphere of the {0002}-
pole figure, with an angular tilt of approx. 40 ◦ in the TD and 45 ◦-direction, and 25 ◦
in the RD (Figure 7.14). By contrast, the other RE-sheets had the peak intensity of
basal poles aligned close to the ND with a symmetrical spread (Figure 7.13). Along
the RD, the basal pole intensity of all RE-alloys (except for Gd) dropped to random
for tilt angles between 25 ◦ and 35 ◦ (Figure 7.13a). A broader angular distribution up
to 45 ◦ was observed in the 45 ◦-direction (Figure 7.13b), and up to 65 ◦ along the TD
direction (Figure 7.13c). In the TD direction, the Nd-containing alloy depicted two
peak intensities, located parallel to the sheet normal direction (4 MRD), and at 30 ◦
tilt from the ND (3.5 MRD). Nd-alloying gave rise to the broadest angular distribution
of basal poles (65 ◦ from ND) among all the other alloys.
Figure 7.13: Basal pole density profiles of the annealed RE-sheets plotted as a function of
the added RE elements different sheet directions; (a) RD , (b) 45 ◦ from RD and (c) TD.
Usually, the strain hardening rate is characterized by a power-law relationship
between the true flow stress σ and the true strain ε, which is written as a constitutive
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Figure 7.14: {0002} Pole density distribution in the ND-RD, ND-45 ◦ and ND-TD planes of
the annealed Gd-sheet. p is the azimuthal angle.
equation [176]:
σ = Kεn (7.1)
where K is a material constant, referred to as the strength coefficient, and n is the
strain hardening exponent. It is obvious from Eq 7.1, that a sufficiently high value of
n would help resist inhomogeneous deformation, and thus, promote good formability.
Figure 7.15 shows a log-log plot of tensile data for the different RE alloys tested along
the RD. The plotted data conforms well to Eq 7.1 up to a true strain of ε = 0.15. For
each alloy a different strain hardening exponent n was found to fit the respective flow
curve. The obtained n-values during loading along the RD ranged from 0.25 to 0.37,
depending on the added RE elements. These values correspond well with the strain
hardening rates reported for conventional sheet metals with excellent cold formability,
such as aluminum and steel. For most conventional magnesium alloys, the n-value is
lower than 0.2, which is one of the reasons ascribed to the poor formability of such
materials. The n-value of investigated RE-alloys increased appreciably when the load-
ing direction was changed from RD to TD . From Figure 7.15, the Gd-containing alloy
yielded higher strain hardening rates than all the other alloys. The highest n-value of
0.45 was obtained during tension in the TD.
When the strain hardening capacity is exhausted, plastic instability occurs. This
is generally observed by a decrease in the applied load. For tensile deformation non-
uniform deformation or plastic instability usually sets in by localized necking, which
results in sample fracture. The onset of necking can be described by the Conside`re
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Figure 7.15: Room temperature tensile data (RD-orientation) on a log-log plot exhibiting
power law hardening behavior with different strain hardening exponents as a function of the
alloyed RE element. The strain hardening exponent in the investigated sheets increases from
RD to TD, as shown for Gd.
criterion [177]:
(
∂σ
∂ε
)
ε˙
≤ σ (7.2)
where σ and ε are the true stress and true strain, respectively, and ε˙ is the strain
rate. The term on the left-hand side of Eq 7.2 represents the strain hardening rate
and the one on the right-hand side represents the material strength. Eq 7.2, hence,
conveys the necessity to strain harden in order to maintain a stable uniform tensile
deformation. Consistently, Figure 7.16 illustrates the strain hardening behavior and
the plastic instability due to necking as example of the Ce and Gd-containing sheets
tested in the RD. The intersection points of the strain hardening rate and the flow
stress curves typify the onset of necking in both alloys. It is obvious that the Gd-alloy
exhibited a lower work hardening decrease than the Ce-alloy, which delayed the onset
of necking, and thus improved the tensile ductility. Other plots of true stress and
strain hardening rate vs. true strain for the other RE alloys (not shown here for the
interest of space) confirmed that the plastic instability during tension was associated
with necking. For TD-oriented specimens, the onset of instability was prolonged to
higher strains compared to RD-oriented specimens, which coherently exhibited a larger
drop of the strain hardening rate. Such distinction in the work hardening response
is related to the distribution of plastic deformation during tension, which is in turn,
related to the slip activity. In the Gd-containing specimens, the proportion of deform-
ing grains by basal slip is markedly higher than in the other alloys, due to the absence
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of the basal texture component, which led to convenient distribution of strain during
deformation, and thus, to the lowest observed decrease of strain hardening rate. It
should be noted, that for the Ce-sheet tested along the TD, the instability was not
associated with necking (Conside`re criterion was not satisfied), but rather with-what
it seems like structural defects from casting, which resulted in premature fracture, and
unexpected low ductility of 12.6%.
Figure 7.16: Strain hardening rate and true stress as functions of true strain for Gd and
Ce-containing sheets depicting the onset of plastic instability by necking according to the
Considere criterion.
In conventional magnesium alloys there is a limited selection of easy deformation
mechanisms. The main deformation mechanisms at room temperature are basal slip
and {101¯2}-tensile twinning. During sheet deformation, c-axis compression usually
results in brittle fracture due to insufficient activity of independent deformation mech-
anisms (Taylor criterion). In the present study, the investigated RE-alloys showed
interesting ability to sustain large cold deformation, typified by high tensile elonga-
tions. The starting textures prior to tensile deformation in the TD (Figure 7.2b)
comprised two components: (a) a basal component with the majority of grains having
their c-axes aligned parallel to the sheet normal direction ND, and (b) a scatter com-
ponent representing an appreciable volume fraction of grains with c-axes tilted away
from ND toward the tensile axis TD. In terms of easy slip, the scatter component with
a close TD-orientation, places respective grains in favorable orientation for both basal
slip and tensile twinning, which accommodates in-plane deformation and promotes
sheet thinning. By contrast, the main basal component places most of the grains in
an orientation that is difficult to deform by either basal slip or tensile twinning. In
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such case, strain accommodation involving slip of 〈a〉 and 〈c+ a〉-type dislocations on
non-basal planes becomes necessary. This can be realized by activation of prismatic
〈a〉-slip for straining along the tensile axis, and pyramidal 〈c+ a〉-slip or contraction
twinning for straining in the sheet normal direction. From a Schmid factor perspective,
the resolved applied stress onto the slip/twin plane in the shear direction of the above
mechanisms is maximal, yet without thermal activation to lower the corresponding
CRSS values, premature failure is inevitable. In the present case, several indications
insinuate that RE elements could have a softening effect on the activation of non-basal
slip and contraction twinning in magnesium, reducing their activation stresses during
cold deformation. These indications lie within the improved deformation behavior and
anisotropy (r -value), as well as the texture evolution during tensile deformation. The
improved ductility and anisotropy response over traditional magnesium alloys cannot
be solely attributed to the new texture component close to TD. This is explained by
the following: the activation of tensile twinning rapidly reorients involved grains per-
taining to the scatter component into the main basal component. Basal slip will show
a similar trend rotating basal poles close to TD toward the ND until the basal planes
become aligned with the tensile axis. Lattice rotation by basal slip is not as rapid as
when it happens by twinning. However, the activation of basal slip alone (from close to
TD→ ND) cannot convey the enhanced ductility observed for the strained RE-sheets.
From the above picture, both deformation mechanisms should give rise to a sharp and
single basal texture component with the basal planes lying parallel to the plane of the
sheet. On the contrary, the evolved tension textures in (Figure 7.2c) depicted off-basal
components characterized by maximum intensity split of the basal poles about the
sheet normal ND. In addition, they exhibited less intensity compared to the rolled and
annealed state (explained by the texture split). For Nd-specimen, no tilt around ND
was evident, and the deformation texture retained the same characteristic observed in
the recrystallized sheet, yet with a weaker intensity.
It is consistent with previous experimental and modeling observations in AZ31 and
other magnesium alloys (e.g. Ref [178]) that the split of the maximum basal pole inten-
sity about ND is a signature of increased activity of pyramidal 〈c+ a〉-slip. Another
deformation mechanism capable of accommodating c-axis compression and promoting
basal pole splitting is double-twinning [179], that causes a tilt of basal poles about ND
of approx. 35 ◦. EBSD measurements after tensile testing in the transverse direction
of the annealed sheets revealed a non-negligible proportion of contraction and double
twins in the deformed microstructures. Figure 7.17 shows examples of two types of
double twins (also referred to as secondary twins) observed in the Ce-containing sheet.
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Figure 7.17: Examples of contraction and secondary twinning observed in deformation in
tension. The accompanying {0002} pole figures illustrate the crystallographic arrangement
of the twins and the matrix. The accompanying {101¯0} pole figures indicate a common
rotation axis during both twinning events.
From the misorientations of the twin boundaries plotted, the observed double twins
were identified as and twins (allowed angular spread ± 5 ◦). The accompanying {0002}
pole figure of each band contrast map illustrates how a secondary twin is created by
the formation of a tensile twin inside a contraction twin, and their crystallographic ar-
rangement with respect to the matrix, the primary contraction twin and the secondary
tensile twin shared the same 〈112¯0〉 rotation axis out of the other possible axes, which
corresponds to secondary twin variant selection of type 1 (most frequent type, cf. Ref
[180]). In the current study, it was not possible to conduct a systematic investigation
of double-twinning tendency vs. RE elements, because of indexing issues. Contraction
and double twins were not always readily indexed which impeded their identification.
In many cases obvious twin morphologies were evident in the band contrast maps,
but their boundaries were not assigned to any of the common twin misorientations,
probably due to deformation induced lattice rotations.
In addition to pyramidal 〈c+ a〉-slip and contraction twinning, grains pertaining to
the basal texture component are also favorably oriented for symmetric double prismatic
slip when tensile strained along the 〈112¯0〉-directions in the TD (cf. Figure 7.2). In such
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case, accommodation of plastic strain involves contraction and extension in the 〈112¯0〉-
directions, which renders the shape change maximum in the basal plane and zero along
the c-axis. As a result, the orientation of the basal poles remained unchanged with
respect to ND, but the prismatic {101¯0}-poles resulting from the slip direction became
aligned with the tensile axis TD (Figure 7.2c).
7.6.2 RX mechanisms during elevated temperature deforma-
tion
In general, the observed texture weakening in the present sheets upon warm rolling
and annealing can be related to particle stimulated nucleation (PSN) of recrystalliza-
tion, which is known to generate randomly oriented nuclei that weakens the overall
texture. Indications of PSN obtained by optical microscopy were found for example in
the Ce and Gd-containing sheets (Figures 7.18 a and b, respectively). They depicted
very fine grains (average grain size d < 10 µm) that appeared solely around second
phase particles, while the rest of the recrystallized microstructure (with no particles
close by) had much coarser grains. The morphology of PSN-related particles in Fig-
ures 7.18 seemed akin to the one associated with the Zr-rich particles seen in the cast
microstructures in Figures 7.18b. The size and distribution of the Mg-Zr particles can
indeed facilitate nucleation by PSN. Notably, no indications were found connecting
PSN to RE-containing particles. This is probably due to their fine dispersion, which
is less influential for nucleation but rather important for dislocation motion and grain
boundary migration.
Figure 7.18: Highly magnified optical microstructures of Ce (a) and Gd (b) containing
sheets showing indications of particle stimulated nucleation (PSN) of recrystallization after
annealing.
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There is a considerable debate in the literature regarding PSN and RE-texture
modification [111] for the reason mentioned before that PSN could generate a signifi-
cant proportion of random orientations, resulting in weak or random textures, but it
cannot explain the well-defined texture components associated with the RE-textures.
In the present study, the RE-texture effects were emphasized by the broader distribu-
tion of basal poles toward the TD (in general), and the unique off-basal sheet texture
resulting from Gd addition (in particular). The literature somewhat agrees that the
RE-texture modification occurs during recrystallization, yet the role of deformation
mechanisms cannot be rules out entirely. For example, the scatter component close
to TD (evident in all the sheet textures after rolling and before annealing) could po-
tentially result in from a higher activity of prismatic 〈a〉-slip during rolling that is
related to RE-additions. Shear band nucleation (SBN) is also a reasonable mechanism
for generating such orientations, since it is associated with deformation and recrystal-
lization at the same time. However, the rolling microstructures shown in Figures 7.2b
revealed no signs of SBN or any RX clusters that can be related to pre-existing shear
bands. Hence, we cannot confirm nor deny a possible effect of SBN on the observed
texture evolution.
The unusual Gd-sheet textures observed upon rolling and upon annealing at 400 ◦C
for 1 h have to be related to some mechanisms that are not present or less effective in
the other RE-alloys. Gd and Nd have much higher solubility in magnesium compared
to the other investigated RE elements; Ce, La and mischmetal, which is obvious by
the lack of second phase formation in the cast microstructures containing Gd and Nd
compared to the other cases (Figure 7.1a). With a high solute content of Gd, it is
reasonable to focus on solute related effects to elucidate the unusual Gd-sheet texture.
The addition of alloying elements has little influence on the nucleation rate, yet de-
pending on the character of the alloying element it may have strong influence on the
grain boundary migration rate. This is due to preferential segregation of solute atoms
to grain boundaries in order to lower their free energy. During grain boundary motion
solute atoms have to stay in the boundary to perpetuate their low energy state, and
thus, they try to move along with the boundary via diffusion. Unlike Ce, La and Nd,
Gd belongs to the heavy RE metals (along with Eu, Tb, Dy, Ho, Er, Tm and Yb)([39]),
which diffuses slowly. Hence, it is hypothesized that Gd solutes would exert a higher
back-driving force on the boundary during grain boundary motion, compared to other
solute atoms of different RE elements. This could eventually change the common ori-
entation relationships known for high boundary mobility (e.g. 30 ◦〈0001〉 between the
growing grain and the consumed grain) and generate new orientations.
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Figure 7.19: EBSD-maps (IPFs) of the annealed microstructures containing RE additions
and their corresponding axis/angle misorientation distributions for select angle pairs with
high misorientation densities. Noise reduction was not applied to the misorientation data.
Figure 7.19 depicts the annealing microstructures of the investigated sheets, as de-
termined by EBSD, and their angle/axis misorientation distribution for select angle
pairs with highest density values. It should be noted, that the raw data used to repro-
duce the misorientation distribution triangles was not subjected to noise reduction,
and only high angle boundaries with misorientation angles larger than 15 ◦ were ana-
lyzed. The misorientation distribution data in Figure 7.19 revealed (a) common spe-
cial boundaries, with maximum densities, related to recrystallization and grain growth
(30 ◦〈0001〉) and to {101¯2}-extension twinning (86 ◦〈112¯0〉), as well as (b) other orien-
tation relationships with perceivable densities that could be indicative of new special
boundaries. In the rolled and annealed sheet with Ce addition, the highest density (rep-
resented in multiples of uniform distribution, MUD) was depicted by the 25−30 ◦〈0001〉
boundaries, which was two times higher than the density ascribed to the twin bound-
aries. Conversely, in case of La-containing sheet, the maximum density of misorien-
tations was associated with twin boundaries and not with the 30 ◦〈0001〉 boundaries.
Although no mechanical twinning takes place during annealing, the 85−90 ◦〈112¯0〉 ori-
entation relationship was still present during growth of twinned regions. When parent
grains are more and more consumed by their twins, it is expected that this orientation
relationship will become less evident. To avoid confusion, it should be noted, that
the density values in terms of MUD are only comparable within each group, but not
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with each other among other groups; i.e. a lower density of twin boundaries in case
of Ce (7 MUD) compared to that in case of La (18 MUD) does not necessarily mean
that Ce addition accelerates twin growth more than La. The reason for this is a dif-
ferent total number of analyzed orientations in each case (Figure 7.19). Interestingly,
in case of La addition, no 25− 30 ◦〈0001〉 boundaries misorientation was found. This
finding might be connected with the high content of second phase precipitates in the
annealed microstructure of the La-sheet (cf. Figure 7.3), which alters the common ori-
entation relationship for preferred growth of recrystallized grains upon deformation.
In the Nd and Gd-containing sheets, both common misorientation 25− 30 ◦〈0001〉 and
85− 90 ◦〈112¯0〉 were observed. However in case of Gd, both misorientations had more
or less equal densities, whereas in case of Nd, the 25 − 30 ◦〈0001〉 misorientation was
much more significant, as in the Ce-sheet. Noteworthy, that in the Gd-case a pecu-
liar density located on the 〈112¯0〉-〈101¯0〉-fiber was evident at misorientation angles of
70 − 75 ◦, which could suggest new special boundaries with growth advantage. The
mischmetal sheet, also with a high content of second phase precipitates, depicted low
densities for all the misorientation angles, which suggests a more uniform misorienta-
tion distribution than the other alloys.
Figure 7.20: Optical microstructures of investigated RE containing specimens type 2 after
PSC at 200 ◦C with strain rate of 10−4 s−1: (a) Ce, (b) La, (c) MM, (d) Nd and (e) Gd.
The microstructure development of the specimens type 2 with different alloying
elements during PSC tests at 200 ◦C with strain rate of 10−4 s−1 are demonstrated
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in Figure 7.20. The Ce containing specimen reveals typical microshear bands with
approximately 40 ◦ tilt to the RD, which results from strain localization during the
compression tests up to large strains. The obtained optical micrograph in Ce shows
a proportion of heterogeneous microstructure distribution and fine grain size with ir-
regular grain shape (Figure 7.20a). In case of La containing alloys, it is evident that
the deformed microstructure undergoes dynamic recrystallization, since small amount
of fine grains appear around the precipitation clusters while the rest of the deformed
microstructure has much coarser grains (Figure 7.20b). It is still found that some
twins are formed in Nd- and Gd- containing alloys at lower strain rate. Second phase
particles are evenly distributed along the grain boundaries and at triple junctions as
well as in the grain interior (Figure 7.20c).
In order to explore the influence of second phase particles on deformation, SEM
was used to analyze the distribution and shape of these particles. At low temperature
200 ◦C, Ce containing specimen depicts a large amount of second phases as shown in
Figure 7.21a and b, where the size, shape and distribution of precipitates varied with
deformation conditions. The Mg-Zr clusters were clearly obtained out of shear bands
(marked by the arrows). Second phase particles have the effect of suppressing the
growth or even the nucleation of twins, leading to a strong impedance of deformation
twinning. Therefore, these particles in Ce series render twinning unimportant for the
deformation, and the specimen is more prone to deform by slip instead of twinning
at low temperature 200 ◦C. At high temperature 400 ◦C, these particles were partially
dissolved into the matrix and some remnants reserved along the grain boundaries.
In specimen type 1, the initial orientations of the investigated alloys exhibit a much
broader distribution of basal poles tilted away from ND, associated with much weaker
texture peak intensities. In particular, the off-basal components scattered along the
circumference of the pole figures in case of Gd and Nd series place respective grains
in favorable orientation for basal slip. According to the basal pole figures, the main
basal component restraints the twinning formation and places most of the grains in an
orientation which is hard to deform by either basal slip or prismatic slip systems (La,
MM, Nd). By contrast, the scattering and split component places respective grains in
an orientation favorable for both basal slip as well as prismatic slip (Ce and Gd).
The initial texture of specimen type 2 demonstrates a typical {101¯0}〈0001〉 orien-
tation with a {101¯0} plane parallel to the compression plane and the c-axis in rolling
direction, associated with a scatter component toward the TD. This new orientation
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Figure 7.21: SEM micrographs of Ce containing specimens after PSC at (a) 200 ◦C/10−2
s−1, (b) 200 ◦C/10−4 s−1, (c) 400 ◦C/10−2 s−1 and (d) 400 ◦C/10−4 s−1.
gives rise to distinct activated deformation mechanisms compared with specimen type
1 where only crystallographic slip systems including basal and prismatic slip dominated
at the low temperature deformation processing. In general, the major 〈0001〉RD com-
ponent renders basal slip inactive since the Schmid factor on the basal planes is close
to zero. In addition, prismatic and pyramidal 〈a〉 slip systems are also constrained
since they would lead to broadening in TD, which is suppressed by the channel-die
device. Consequently, only mechanical twinning or pyramidal 〈c+ a〉 slip can be ac-
tivated under these conditions, especially at low temperature, and both of them have
the capacity to accommodate the strain along c-axis. Furthermore, the scatter com-
ponent places a part of grains orientated favorable for prismatic or pyramidal 〈a〉 slip,
which in turn contribute to weaker texture development compared with conventional
magnesium alloys.
In case of specimens type 3, most grains have an initial orientation with their basal
planes perpendicular to the rolling plane and c-axis parallel to transverse direction.
This initial orientation renders {101¯0}〈112¯0〉 prismatic slip system dominant, as it
can fully provide the necessary shape change during PSC tests, and thus, renders
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tensile twinning unimportant because twinning is entirely suppressed by the channel
die device. In addition, the resolved shear stress on the basal planes is close to zero,
hence basal slip system is also hard to activate in this condition. Theoretically, the
exclusive participation of prismatic slip system will make the resulting textures remain
unchanged during all stages of the compression tests.
From the above perspectives, different RE elements are expected to have different
relative strengths of the deformation mechanisms, which in turn determines their rel-
ative activities and contribution to plastic deformation and texture evolution. It has
been suggested that the segregation of solute atoms to the grain boundaries plays a
significant role in the texture modification in magnesium alloys with high solubility
of RE elements. In the current study, Gd has a much higher solubility in magnesium
compared with the other selected RE elements. Therefore, these elements tends to
remain in the grain boundaries because of the low free energy. During the motion of
grain boundaries, solute atoms prefer to stay on the grain boundaries and move along
with the boundaries via diffusion. However, the diffusivity of solute atoms is not high
enough compared with the velocity of grain boundaries. And hence, the solute Gd
would exert a back driving force on the motion of grain boundaries, resulting in a sig-
nificant retardation for the recrystallization process. This retardation would weaken
the texture by changing the relative mobility of boundaries, leading to a texture mod-
ification. Moreover, Suzuki et al. [181] proposed that many “planar faults” formed on
the (0001) matrix planes with the simultaneous addition of rare earth yttrium and zinc
thus the basal slip was suppressed even at high temperatures. The strong prismatic
texture of the Gd-containing samples deformed at low Z value could be ascribe to the
less active basal slip and more active prismatic slip, which cause rotations about the
basal pole and lead to a prismatic texture generation [178].
7.7 Conclusions
Specimens of a ZEK100 magnesium alloy with different RE additions were sub-
jected to warm rolling and plane strain compression to investigate the role of indi-
vidual RE elements on the sheet formability. Based on the analysis of the obtained
flow behavior, microstructure and texture development gave rise to the following main
conclusions:
1. The choice of RE additions has significant influence on the sheet deformation
behavior of the magnesium alloy ZEK100. Different RE elements gave rise to
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distinct microstructures, comprising variations in the average grain size, second
phase formation and solid solubility, and thus, imparted different properties.
2. From the investigated RE elements, Gd demonstrated the highest potential to
modify the sheet texture of rolled and annealed magnesium. While the light
RE elements; Ce, La, Nd and mischmetal depicted a common rare earth sheet
texture, characterized by a weak basal component and a broad scatter of basal
poles toward the sheet transverse direction, Gd revealed a different type of rare
earth texture, highlighted by a soft off-basal orientation with even lesser intensity
(2.5 MRD).
3. Owing to the unique sheet texture resulting from Gd alloying, a remarkable im-
provement in the room temperature ductility and planar anisotropy was achieved
despite the coarsest grain size relative to the other alloys. The strength prop-
erties, in particular, the yield strength could definitely benefit from some im-
provement, potentially obtained by increasing the Zn content (Zn is a potent
strengthener) and/or refining the grain size (Hall-Petch effect). Challenging,
however, is to maintain an excellent balance of strength and ductility all at the
same time.
4. Indications of particle stimulated nucleation PSN were found in the annealed
microstructures of rolled sheets, and were associated with the large Mg-Zr par-
ticles and not with the RE-containing precipitates. In the current case, PSN is
considered as one of the mechanisms behind the RE-texture weakening, but def-
initely not the most important one. For the highly soluble RE elements; Gd and
Nd, solute related effects play a significant role in the RE-texture modification.
Solute atoms segregate to the grain boundaries and affect the grain boundary
motion, which could alter the common concepts of recrystallization and grain
growth observed in conventional Mg alloys. In addition, solute clusters could
act - in a similar sense - as shearable particles, which cause strain heterogeneity
and influence the nucleation and growth process of recrystallization. The current
findings, however, do not provide solid evidence to corroborate such assumption.
5. In case of La and Ce with very little solute concentration in the matrix due to
the large insolubility in Mg and second phase formation, solute atoms might still
be important for texture modification even in the presence of precipitates. La
and Ce are of the largest RE elements and would thus have strong interactions
with dislocations and grain boundaries. A possible influence of the precipitate
geometries on the RE-texture development upon warm rolling and annealing has
7.7 Conclusions 173
yet to be investigated.
6. The enhanced room temperature ductility and corresponding weak tension tex-
tures strongly suggest that multiple deformation mechanisms were active during
deformation. In comparison to conventional Mg alloys, RE alloying seems to
promote the hard deformation mechanisms in magnesium when basal slip and
tensile twinning become exhausted. Contraction and double-twinning were also
important for accommodating strain along the c-axis. It was, however, not pos-
sible to quantify, whether their activation was promoted over RE-free Mg alloys.
7. The specimen containing Ce exhibits the highest yield stress during PSC when
deformed at low temperature, compared with the other RE elements. This is
mainly attributed to its highest amount of second phase particles, which act as
barriers to dislocation motion, and promote the strengthening of the material.
8. At elevated temperature 400 ◦C, the Gd containing specimen demonstrated the
best formability associated with weak off-basal texture irrespective of initial ori-
entation. All resulting textures consist of the similar components including
〈0001〉TD and 〈0001〉RD orientations, revealing that both prismatic slip and
pyramidal 〈c+ a〉 slip are equally important contributing to the deformation.
It is mainly caused by a higher glide activity at elevated temperature due to
activation of multiple slip systems and significant role of DRX.
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Chapter 8
Final Conclusions
The results of this study can be divided into two sections. The first section dealt
with Mg–Mn–Ce alloy that is the only commercially available Mg–RE alloy. Different
approaches of sheet metal formability are introduced in this work with particular
emphasis on rolling and compression tests at room and at elevated temperatures.
The effects of starting texture, strain path change, deformation modes, deformation
conditions was carefully investigated and discussed. The second section covered the
single addition of RE elements to optimize other class of Mg–RE alloys based on
Mg–Zn–Zr system. The findings and observations are summarized as follows:
1. Alloying with RE elements (e.g. Ce) showed considerable delay crack formation
and premature failure (thickness reduction ≈ 40%). Microstructure and texture
investigations revealed that shear bands and twinning in addition to dislocation
glide are beneficial to the ductility of the ME20 sheet material. The strong basal
type texture accumulated during cold rolling can be removed by recrystallization
annealing. After static recrystallization, the average grain size was significantly
reduced from 10 µm to 2 µm. The recrystallized texture appeared sensitive to the
annealing temperature and annealing time. Texture weakening was attributed to
newly generated orientations during recrystallization. Recrystallization kinetics
successfully determined using JMAK model in the temperature range of 250 ∼
400 ◦C. The activation energy for full recrystallization was estimated to be 110
KJ/mol controlled by grain-boundary diffusion.
2. Unidirectional and cross rolling of ME20 Mg alloy resulted in distinctly different
sheet textures. While unidirectional rolling gave rise to stronger intensities, cross
rolling resulted in weaker, more symmetric basal textures. After static recrys-
tallization, a microstructure with a very fine grain size and weak texture was
obtained. This gave rise to isotropic sheet properties in tension along different
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sheet directions combined with enhanced room temperature ductility.
3. Large strain hot rolling is an aggressive approach that can be utilized to refine
the grain size. It was successfully applied since the ME20 alloy was more ductile
than usual. The texture intensity increases with increasing thickness reductions.
At low strain (5%), tension twins plays an important role in initial prismatic
texture samples. At high strain (90%), apart from the dislocation glide, shear
bands became another contributor to accommodate the strain and significantly
alter the final textures.
4. It was found that ARB can produce an ultral fine grained microstructure with
promising stability against grain growth owing to discontinuous precipitation. A
homogeneous microstructure can still be obtained after 4 to 6 ARB cycles. The
sheet texture was strengthened along with increasing ARB cycles.
5. The flow behavior, texture evolution and microstructure development of both
ME20 and AZ31 (benchmark) Mg alloys during plane strain compression and
uniaxial compression was strongly dependent on the starting textures and defor-
mation conditions. For in-plane compression of the ME20 (c-axis compression)
it is hard orientation revealing the poor formability compared to other non-basal
initial texture. The main deformation mechanism is composed of basal and
pyramidal 〈c+ a〉 slip systems. During in-plane compression of the ME20 sheet
(c-axis extension) tensile twinning was suppressed by the second phase particles
and the deformation was carried out primarily by basal slip assisted by prismatic
and pyramidal 〈a〉 slip. This gave rise to a final double peak off-basal texture.
Regarding uniaxial compression, the material of ME20 exhibits excellent forma-
bility above 300 ◦C. A random texture and a fine grain size microstructure can
be achieved at 450 ◦C with strain rate of 10−4 s−1 up to true strain -1.0. This
texture randomization was attributed to dynamic recrystallization rather than
slip contribution.
6. A set of five Mg–Zn–Zr based alloys has been hot rolled, and their microstruc-
tures, textures, and deformation behaviours examined. Different RE elements
gave rise to distinct microstructures, comprising variations in the average grain
size, second phase formation and solid solubility, and thus, imparted different
properties.
7. Gd demonstrated the highest potential to modify the sheet texture of rolled and
annealed magnesium. While the other RE elements; Ce, La, Nd and mischmetal
depicted a common RE sheet texture, characterized by a weak basal component
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and a broad scatter of basal poles toward the sheet transverse direction, Gd
revealed a different type of RE texture, highlighted by a soft off-basal orientation
with even lesser intensity 2.5 MRD.
8. Of the alloying additions examined, Gd- and Nd-containing alloys exhibited the
highest ductilities. These alloys also showed the lowest in tensile yield strengths.
The weakened textures are better aligned for basal slip, inhibit {101¯2}-twinning,
and promote additional non-basal slip. Solute atoms segregate to the grain
boundaries and affect the grain boundary motion, which could alter the common
concepts of recrystallization and grain growth observed in conventional Mg al-
loys. At elevated temperature 400 ◦C, the Gd containing specimen demonstrated
the best formability associated with weak off-basal texture irrespective of initial
orientation.
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Abstract
Magnesium alloys have a great potential in automotive industries, compared to con-
ventional steel and Al alloys, Mg is much lighter and this weight reduction improves fuel
efficiency and reduces green gas emission. Due to its hexagonal crystal structure, Mg has
a limited number of slip systems at room temperature, which leads to poor formability.
The formability of Mg can be significantly enhanced at high temperature (≥ 200 ◦C) due
to the activation of non-basal slip systems. In this work, commercial ME20 magnesium
alloy and various Mg–Zn–Zr containing rare earth (RE) elements materials were used to
investigate the influence of deformation conditions on texture and microstructure evo-
lution. Moreover, it is also to define the correlation between formability and different
deformation mechanisms.
The first part of the investigation focused on the rolling modes as well as rolling
behavior at room temperature and at elevated temperatures. It was found that at low
temperatures, a typical strong basal type texture develops along the original RD. Shear
bands and twinning were observed in rolled microstructure at high reductions. At el-
evated temperatures, cross rolling exhibits better formability and weaker texture than
unidirectional rolling. The annealed cross rolled samples with fine grain size and mod-
ified sheet textures gave rise to isotropic sheet properties. The large strain hot rolling
can be successfully realized until to final 90% reductions with different initial orienta-
tion. At low reductions (≤50%), basal, prismatic 〈a〉 and pyramidal 〈a〉 slip systems
are active. At the 90% reduction, except for the dislocation glide, shear bands became
another contributor to accommodate the strain and significantly alter the final texture.
Accumulated roll bonding produced fine grain size microstructures, which resulted in
increasing the tensile strength and ductility vice versa.
The second part focused on the channel-die compression and uniaxial compression
tests. The influence of deformation conditions and starting texture on the microstruc-
ture and texture evolution during plane strain compression (PSC), the two alloys (AZ31
as a benchmark) revealed obvious distinctions, which was primarily attributed to the
different chemistry of the two alloys. The presence of precipitates in the fine microstruc-
ture of the ME20 sheet considerably increased the recrystallization temperature and
suppressed tensile twinning. This gave rise to an uncommon Mg texture development
during deformation. For the RDCD specimens, under uniaxial compression condition,
it exhibits poor formability below 250 ◦C. It indicates that twinning and basal slip are
dominated deformation mechanisms. At elevated temperatures, basal slip, prismatic slip
and pyramidal 〈a〉 slip are active at low Z values.
In the final part of the investigation, the influence of select RE elements; Gd, Nd,
Ce, La and mischmetal (MM) on the sheet texture modification during warm rolling and
annealing of a ZEK100 magnesium alloy, and the resulting formability and anisotropy
during subsequent tensile testing at room temperature. It was found that all the inves-
tigated RE elements led to weak sheet textures and hence promoted enhanced ductility
and reduced anisotropy over conventional Mg sheet. Gd was of a particular interest
because it gave rise to a desired Mg sheet texture despite its coarsest grain size result-
ing in promising mechanical properties. It is suggested that solute related effects on
the grain boundary migration and the relative strengths of different deformation mech-
anisms are responsible for altering the common concepts of recrystallization and grain
growth during annealing, and the activation scenarios of slip and twinning during defor-
mation. During PSC tests, the specimen containing Ce reveals the highest yield stress,
this is mainly attributed to its higher amount of second phase particles act as a barrier
to impede dislocation motion. At low Z (400 ◦C/10−4 s−1), Gd containing specimen
demonstrated the best formability associated with weak off-basal texture irrespective of
initial orientation. It is mainly caused by a higher glide activity at elevated temperature
due to activation of multiple slip systems and significant role of DRX.
Zusammenfassung
Magnesiumlegierungen besitzt ein großes Potential in der Automobilindustrie, ver-
glichen mit konventionellen Stahl- und Aluminiumlegierungen. Mg ist deutlich leichter
und ermo¨glicht eine Gewichtsreduktion, welche die Treibstoffeffizienz verbessert und den
Ausstoß von Treibhausgasen verringert. Auf Grund seiner hexagonalen Kristallstruktur,
weist Magnesium eine begrenzte Anzahl von Gleitsystemen bei Raumtemperatur auf,
was zu einer schlechten Umformbarkeit fu¨hrt. Die Umformbarkeit von Mg kann bei
hohen Temperaturen (≥ 200 ◦C) deutlich gesteigert werden durch die Aktivierung nicht-
basaler Gleitsysteme. In dieser Arbeit wurden eine kommerzielle ME20 Legierung und
verschiedene Mg–Zn–Zr Legierungen, welche Seltene Erden(SE) enthalten, auf den Ein-
fluss der Verformungsbedingungen auf Textur und Mikrostruktur hin untersucht. Zudem
wird eine Korrelation zwischen Umformbarkeit und den verschiedenen Verformungsme-
chanismen definiert.
Der erste Teil der Untersuchungen widmet sich verschiedenen Walztechniken und
dem Walzverhalten bei Raumtemperatur und hohen Temperaturen. Es stellte sich her-
aus, dass sich bei niedrigen Temperaturen eine typische stark ausgepra¨gte Basaltextur
entlang der urspru¨nglichen WR entwickelt. Scherba¨nder und Zwillingsbildung wurden
bei hohen Umformgraden in der verformten Mikrostruktur beobachtet. Bei hohen Tem-
peraturen ermo¨glicht Querwalzen eine verbesserte Umformbarkeit und fu¨hrt zu einer
schwa¨cheren Textur als einachsiges Walzen. Die quergewalzten und geglu¨hten Proben
mit kleiner Korngro¨ße und modifizierter Walztextur haben isotropere mechanische Eigen-
schaften. Warmwalzen mit hoher Umformung bis zu einer Reduktion von 90% konnte mit
verschiedenen Ausgangsorientierungen erfolgreich realisiert werden. Bei geringen Umfor-
mungen (≤50%) sind basale, prismatische 〈a〉 und pyramidale 〈a〉 Gleitsysteme aktiviert.
Bei einer Reduktion von 90% werden sind, neben Versetzungsgleiten, Scherba¨nder ein
weiterer Faktor, um diese hohe Dehnung zu ermo¨glichen und haben einen starken Einfluss
auf die Texturentwicklung. Walzplattieren erzeugte eine feinko¨rnige Mikrostruktur, wel-
che sowohl zu einer erho¨hten Zugfestigkeit, als auch einer verbesserten Duktilita¨t, fu¨hrte.
Der zweite Teil konzentriert sich auf “Channel-Die” Stauchung und einachsige Stauch-
versuche. Der Einfluss der Verformungsbedingungen und der Ausgangstextur auf die
Mikrostruktur- und Texturentwicklung wa¨hrend PSC-Versuchen (Plane Strain Com-
pression, PSC) zweier Legierungen (AZ31 als Vergleich) zeigte deutliche Unterschiede im
Fließverhalten und der Entwicklung von Textur und Mikrostruktur, was hauptsa¨chlich
der unterschiedlichen chemischen Zusammensetzung der beiden Legierungen zugordnet
werden kann. Das Auftreten von Ausscheidungen in der feinko¨rnigen Mikrostruktur von
ME20 Blechen fu¨hrt zu einer deutlichen Erho¨hung der Rekristallisationstemperatur und
unterdru¨ckt die Bildung von Zugzwillingen. Dies verursacht eine fu¨r Mg untypische Tex-
turentwicklung wa¨hrend der Verformung. Die RDCD Proben besitzen bei einachsiger
Stauchung eine schlechte Umformbarkeit unter 250 ◦C. Dies weist darauf hin, dass Zwil-
lingsbildung und Basalgleiten die dominierenden Verformungsmechanismen sind. Bei
ho¨heren Temperaturen und niedrigen Z-Werten sind basale, prismatische und pyrami-
dale 〈a〉 Gleitsysteme aktiv.
Im Schlussteil wird der Einfluss ausgesuchter SE (Gd, Nd, Ce, La und deren Mi-
schungen) auf die Walztexturentwicklung beim Warmwalzen und Glu¨hen einer ZEK100
Magnesiumlegierung untersucht und die sich daraus ergebende Umformbarkeit und Ani-
sotropie mit anschließenden Zugversuchen bei Raumtemperatur bestimmt. Diese Unter-
suchungen zeigten, dass alle getesteten SE zu einer schwachen Walztextur und daher zu
einer verbesserten Duktilita¨t und verringerten Anisotropie im Vergleich zu konventio-
nellen Mg Blechen fu¨hrten. Der Gd Legierung wurde besondere Aufmerksamkeit gewid-
met, da sie trotz einer groben Kornstruktur die erwu¨nschten Walztexturen begu¨nstigt
und vielversprechende mechanische Eigenschaften aufweist. Es ist anzunehmen, dass
der Einfluss der gelo¨sten Legierungselemente auf die Korngrenzenbewegung und auf
die Aktivita¨t der verschiedenen Verformungsmechanismen dafu¨r verantwortlich ist, dass
herko¨mmliche Konzepte von Rekristallisation, Kornwachstum wa¨hrend der Wa¨rmebe-
handlung und von der Aktivierung von Verformungsmechanismen hier nicht angewendet
werden ko¨nnen. Ce legierte Proben wiesen in PSC-Versuchen die gro¨ßte Fließspannung
auf, was auf einen erho¨hten Anteil von Zweitphasen zuru¨ckzufu¨hren ist, welche Hin-
dernisse fu¨r die Versetzungsbewegung darstellen. Bei niedrigen Z-Werten (400 ◦C/10−4
s−1) besaßen Gd legierte Proben die beste Umformbarkeit, was mit einer schwachen
Fast-Basaltextur zusammenhngt und zwar unabha¨ngig von der Ausgangsorientierung.
Dies wird hauptsa¨chlich verursacht von einem vermehrten Versetzungsgleiten bei ho¨her-
en Temperaturen durch die Aktivierung multipler Gleitsysteme und den signifikanten
Einfluss der dynamischen Rekristallisation.
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